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Abstract: Studies on dislocations in prototypic binary and ternary oxides (here TiO2 and SrTiO3)
using modern TEM and scanning probe microscopy (SPM) techniques, combined with classical
etch pits methods, are reviewed. Our review focuses on the important role of dislocations in the
insulator-to-metal transition and for redox processes, which can be preferentially induced along
dislocations using chemical and electrical gradients. It is surprising that, independently of the
growth techniques, the density of dislocations in the surface layers of both prototypical oxides is
high (109/cm2 for epipolished surfaces and up to 1012/cm2 for the rough surface). The TEM and
locally-conducting atomic force microscopy (LCAFM) measurements show that the dislocations create
a network with the character of a hierarchical tree. The distribution of the dislocations in the plane of
the surface is, in principle, inhomogeneous, namely a strong tendency for the bundling and creation
of arrays or bands in the crystallographic <100> and <110> directions can be observed. The analysis
of the core of dislocations using scanning transmission electron microscopy (STEM) techniques
(such as EDX with atomic resolution, electron-energy loss spectroscopy (EELS)) shows unequivocally
that the core of dislocations possesses a different crystallographic structure, electronic structure and
chemical composition relative to the matrix. Because the Burgers vector of dislocations is per se
invariant, the network of dislocations (with additional d1 electrons) causes an electrical short-circuit
of the matrix. This behavior is confirmed by LCAFM measurements for the stoichiometric crystals,
moreover a similar dominant role of dislocations in channeling of the current after thermal reduction
of the crystals or during resistive switching can be observed. In our opinion, the easy transformation
of the chemical composition of the surface layers of both model oxides should be associated with the
high concentration of extended defects in this region. Another important insight for the analysis of
the physical properties in real oxide crystals (matrix + dislocations) comes from the studies of the
nucleation of dislocations via in situ STEM indentation, namely that the dislocations can be simply
nucleated under mechanical stimulus and can be easily moved at room temperature.
Keywords: dislocations; TiO2; SrTiO3; STEM; EELS; ChemiSTEM; SPM; etch pits; electrical properties;
mechanical properties; resistive switching
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1. Introduction
The challenge of an extensive treatise about the influence of dislocations in oxides on the physical
and chemical properties in form of a short review is, without doubt, demanding. For instance,
the analysis of the modification of the mechanical properties (especially plasticity) in multinary oxides
as an effect of the existence of a high density of dislocations in crystalline or polycrystalline oxides can
be found in many articles (see, e.g., [1–46] and references therein). Similarly, the literature about the
role of filaments and their possible relation to dislocations in the resistive switching phenomena in
oxides is continuously growing (e.g., [30–33,47–59] and their references). Therefore, it is necessary to
select a group of oxides and a list of properties which could be presented in such a review, by taking
into account the actual state-of-the-art in this subject. In our paper, we will focus on two prototypical
oxide materials as representative model systems for the binary and ternary oxides with early transition
metals, here TiO2 and SrTiO3. For our study of the physical and chemical properties we will
furthermore concentrate the attention on those properties which can only be understood on the basis
of a comprehensive knowledge of the electronic, chemical, and crystallographic structure of the core
of dislocations as derived from modern microscopic techniques such as high-resolution transmission
electron microscopy (HRTEM, with spherical aberration correction), electron-energy loss spectroscopy
(EELS), scanning transmission electron microscopy with chemical resolution (ChemiSTEM) studies
and scanning probe microscopy (SPM) analysis, such as atomic force microscopy (AFM), Kelvin-probe
force microscopy (KPFM), piezo force microscopy (PFM), or locally-conducting AFM (LCAFM).
However, that this does not mean that we will neglect the other more classical techniques as,
for example, etch pits technique or X-ray topography in our presentation. The microscopic analysis,
which has become available during recent years, especially by HRTEM (e.g., [4–13,29,33,46,60–65])
and SPM analysis (e.g., [53,55,66–68]), allows for us to underpin our hypothesis that the dislocations
in band-insulating transition metal oxides take the role of semi-conducting or metallic nano-wires
(e.g., [3,13,32,40,50,51,55,68]). We place special emphasis on this problem, namely that the properties
of the local stoichiometry and specifically the valence of the transition metal cations close to the core of
dislocations is responsible for the kind of specific electric properties of the dislocations encountered in
these materials and that allows for considering the dislocation lines as a kind of nano-wire extending
throughout the crystal. In fact, it is the specific electronic structure of the core of dislocations
in connection with the invariance of the Burges vector of dislocations which generates a kind of
macroscopically relevant “entity” in the real oxide crystals, here the perfect matrix with a network
of short-circuit dislocations. We will also show that the dislocations can be electrically addressed
and individually modified by external means as well as macroscopically aligned in these materials.
A further important topic of our paper is connected with existence of an enhanced concentration of
dislocations in the surface layer of TiO2 and SrTiO3 oxides which gives rise to the ability of chemical
and physical transformations of the surface layer at high temperature for different oxygen partial
pressures ([68] and references therein). Finally, we also briefly discuss the plastic properties of the
oxides in presence of dislocations. Of course, it is self-evident that the variety of properties of both
model oxides, which can be potentially modified by dislocations, is clearly broader than the mentioned
points of our list.
2. Edge Dislocations in TiO2 and SrTiO3
From a topological point of view, edge dislocations, screw dislocations and dislocation loops
belong to the class of “1”-dimensional extended defects. In the classical presentation of edge
dislocations (see Figure 1) they should be imagined as the end of an extra half plane which is shifted
into the perfect matrix [1,21,25–27,32,34,37]. The end of the half plane defines, in fact, the position of
the dislocation line. This representation can be used without modification for a schematic visualization
of the distribution of atoms along the dislocations in TiO2. In contrast to the classical presentation
of dislocation lines in TiO2, dislocation lines in case of a ternary oxide, such as SrTiO3, should be
represented by the end of two half planes (namely TiO2 and SrO), which have been shifted into the
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matrix of SrTiO3 (Figure 2) [39,69]. In the other situation with a shift of only one half plane (i.e., TiO2 or
SrO), the configuration corresponds to the generation of a stacking fault, and the dislocation in its
character will be partial [65,68].
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Figure 1. Relaxed atomic model of an edge dislocation in TiO2 with Burgers vector b = 1⁄4 [001] viewed
from the [110] projection. The model is constructed based on experimental images. The larger balls are
Ti atoms and the smaller ones are O atoms (Adapted from [32]).
For rutile crystals, which at room temperature possess a tetragonal structure, the orientation of
the edge dislocation can be realized in different directions. Because each of the edge dislocations
with defined Burgers vector can lie in different planes (so-called slip system) we can observe different
combinations between the mentioned crystallographic directions of the dislocations and the plane,
e.g., {101}<101>, {110}<001> [70,71], (101){010}, (111){101}, and (100){101} [37].
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Figure 2. Atomistic models for edge dislocations in the SrTiO3 perovskite for the <100>{010} (left) and
<100>{011} (right) slip systems. The indicated Burgers vector is b = <100>. Adapted from [72].
For the SrTiO3 crys al, which has a cubic st ucture (Pm3m) abo e 110 K, it has been observed that
the edge dislocation can, in principle, be rranged with Burgers vector in dir ction <100>, <110>,
and <111>. Those directions, in comb nation with the ppropriate plane, give he following possibilities
of slip systems for SrTiO3: <100>{110}, <001>{110}, <011>{100}, and <010>{100} [73].
The mentioned set of the dislocation directions does not describe all of the possibilities concerning
the crystallographic orientation of dislocation lines and assignment of the slip system. It is possible
that in SrTiO3 crystals, dislocations can be generated with higher index, for example [012] [74].
In this case, the dislocation core is more complica ed than for dislocations with a low index, that is,
the structure should be analyzed as an overlap of many partial dislocations (with lower indexes) and
other non-invariant extended defects such as stacking faults (see Figure 3).
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3. Arrangement of Dislocations
Dislocations do not only exist as individual objects which extend throughout the crystalline
material, but the dislocations in real systems can accumulate in bundles, line arrays, bands as
well as in three-dimensional networks [75]. One aspect of t arrangement of dislocations is the
dislocati n-dislocation inte action and, in the oxide materials consid ed her , the issue of the
electrostatics of dislocations and their surroundings comes into play. In the sense of Kröger–Vink defect
chemistry, charged defects should interact with other charged defects because the crystal as a whole has
to fulfill the electroneutrality condition demanding that the sum of all charged defects such as electrons,
holes, and vacancies has to be zero in steady state [70,76–89]. Because some of the d0 Ti states along the
dislocations in TiO2 and SrTiO3 are transformed into d1 configuration, such dislocations with a surplus
of d electrons cannot be electrically neutral (e.g., [31]). Hence, a screening of the electrical charge which
has accumulated along the core of the dislocations is needed. Therefore, such screening leads to the
creation f a space charg zone, the extension of which depends (in the fir t approximation) on the
concentration of the charg (the mentio ed oncentration of d1 electrons) i the cor of the dislocations,
the concentration of the charged defects in the matrix and its dielectric properties. [31,32,90–95].
This screening, in fact, induces a kind of electrostatic repulsion forces between similarly charged
dislocations. Such Coulomb repulsion can hinder a potential accumulation, for instance, a bundling
of dislocations. Of course, it is possible that in case of oppositely charged cores of dislocations the
interaction can be attractive and an annihilation of dislocations takes place [96,97]. Notice: for the
analyses of the relaxed configuration of the dislocations in the matrix (that means with a fixed position)
of ionic or ionic covalent oxi es one shoul not only take into account the minimum of the electrostatic
energy but also the minimization of the total free energy of the crystal, which in this case means the
minimization of the mechanical ener y (here the stress). Therefore, when the density of generated and
annihilated dislocations does not change (at constant temperature and constant internal or external
stress),
.
ρ+ =
.
ρ− (ρ is the density of dislocations with opposite sign), the total density of dislocations
is given by:
ρ(ε) = ρ0 +
∫ e
0
( .
ρ+ −
.
ρ−
) .
ε
−1dε
and th d formation rate
.
ε shou d b constant. This classical description for the generation of the edge
dislocations in metal or single oxides (binary oxides) cannot be one-to-one transferred on the situation
in SrTiO3, where the dislocations can possess a different chemical core (see e.g., [39]) which per se
induces different local stress fields, and the interaction of edge dislocations with the same Burgers
vector, cannot be simply interpreted [98].
Despite this electrostatic “inadequacy”, one can clearly see, based on empirical findings by
different techniques, that the edge dislocations in case of SrTiO3 and TiO2 are often found to be
accumulated in bundles, line arrays, bands and in three dimensional networks of dislocations
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(see, e.g., [10,42,99–104]). All processes which can lead to new arrangements of dislocations in the
matrix are connected with two basic possibilities to move the dislocations in the matrix. The first one
is a conservative moving (gliding) of dislocations, which occurs when, by a change of the position
of the dislocations in the crystalline structure, its Burgers vector and the dislocations line belong
to the same plane. The other possibility for the moving of dislocations (so-called non-conservative
motion or climbing) occurs when the mentioned condition for gliding is not fulfilled. This standard
description of the conservative and non-conservative motion of dislocations is, in fact, valid for metals
and nonmetals, but for ionic oxides there is an additional “hidden dimension” of the motion, especially
for climbing, namely a complicated non-synchronous evolution (on the time scale) of the positions of
ions or charged vacancies (see Figure 4). Because the diffusion of oxygen vacancies is easier than that
of cation vacancies, this process cannot be realized in only one step. The detailed scenario of all steps
of the climbing of the dislocations in this electrical complicated surrounding has been described by
Hirel et al. [105].
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character of the gliding of dislocations in SrTiO3 crystals. At room temperature (RT) easy gliding of 
dislocations in SrTiO3 allows for dramatic plastic deformation (in fact, the crystal can be bent by bare 
hands [107]). For this temperature, it should be accepted that the coordinated gliding of dislocations 
(as an origin of the significant plastic deformation) occurs without a change of the core structure (see 
Figure 5A). In contrast, at higher temperature the ductility of the crystal is lower and the crystal will 
become brittle [16,33,108,109]. This is connected with the transformation of segments of dislocations 
into climb-dissociated configuration, which is responsible for pinning and eventually for slowing 
down the motion of these linear defects (see Figure 5B). For high temperatures, which allow an 
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In this scenario, (a) the core of dislocation is originally in a neutral state, i.e., both points of gravity of
the positively charged and negatively charged cloud of vacancies overlap. Because positively-charged
oxygen vacancies migrate faster than cation vacancies (here VSr) towards the dislocation, the dislocation
becomes charged; (b) After absorbing neighboring oxygen vacancies, this leads to a positive charging
of the dislocation (red) and development of a oppositely charged space-charge region (dashed line),
where only cation vacancies remain and form the so-called Debye–Hückel cloud. In this situation,
cation vacancies do migrate slowly towards the dislocation core; (c) After absorbing cation vacancies,
the dislocation then climbs and becomes again attractive to oxygen vacancies. Adapted from [106].
The motion of dislocations in oxide crystals cannot only be analyzed under electrical (electrostatic)
aspects, bu also gliding or climbing m chanisms should be discussed in terms of strain and
t mperature. This et of thermo ynami parameters c , for example, radi ally change the cha cter
of the gliding of dislocations in S TiO3 crystals. At room temperature (RT) easy gliding of disloca ions
in SrTiO3 allows for dramatic plastic deformation (in fact, the crystal can be bent by bare han s [107]).
For this tempe ature, it should be accepted that the coordi ated gliding of dislocations (as an origin
of the significan plastic deformation) occurs without a chang of the cor structure (see Figure 5A).
In contrast, at igher temperature the ductility of the crystal is lower and t e rystal will become
brittle [16,33,108,109]. T s is connected wi the transf rmation of segments of dislocations into
climb-dissociated configuration, which is responsible for pinning and eventually for slowing down
the motion of thes linear defec s (see Figure 5B). For high temperatures, which allow an interaction
between at ms (i ns) from the core of dislocations with point def cts in he matrix, the movi g
(here he gliding) cannot per se be c nservative (without change of t e atomic structure of dislocations),
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and in this temperature range a non-conservative climbing will dominate (see Figure 5C). Notice that,
for SrTiO3 and TiO2 it was shown that the oxygen occupancy in the core of dislocations at high
temperatures under reducing conditions can be decreased (see, e.g., [110,111]).
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Figure 5. Schematic illustration of the expected behavior of <110>pc dislocations in perovskite materials
as a function of temperature, T, and strain rate
.
ε. Thin blue lines represent the dislocation in its
glide-dissociated configuration. Adapted from [105].
4. Annihilations or Multiplications of Dislocations
The simplest configuration for the annihilatio of two dislocations is given by the dipole
configuratio with the opposite sign. In th case of annihilation of the dipoles from two ne ghboring
half planes, whi are aligned close together in the matrix, a perfect plane in the matrix will be created.
Mechanical or thermal stress can induce such annihilation processes [27,112–114]. In fact, for rutile
crystals (as grown) a reduction of the density of dislocations from 4 × 105 per cm2 to about 1 × 105 per
cm2 was observed after thermal treatment at 1375 ◦C for 45 min [112]. Similar influence on the density
of dislocations, namely the small lowering of their density [44,110], is known for a thermal treatment
for SrTiO3 crystals. In principle, the reduction of the density of the edge dislocations in the matrix of
the crystal can be realized by gliding or climbing of dislocations to the free surface. This process causes
a shifting of the half plane to t e surface and thus g erates an additional step n the surface. Therefore,
for the verific ion of the often-p stulated extremal annihilation of the dislocations (that means
a high reduction of th density of dislocations) in TiO2 or SrTiO3 (via thermal tr atment at high
temperature around 1000 ◦C [105,112,113,115]), the difference in the morphology of the surface before
and after the thermal treatment should be checked. Only in the case of the unequivocal increase of
the step concentration in the plane of the surface one would be able to postulate that the reduction
of dislocations density via thermal treatment has actually occurred. However, such an increase of
the step density is generally not observed, if the chemical composition of the surface layer stays
unchanged. At this point it should be noted that, under reducing and oxidizing conditions at high
temperatures, hanges of the crystal geometry of t e surface layer can be induced, due to modifications
of the sto chiometry. This has been found by X-ray and TEM investigations showing the evolution of
Magnéli phases or low Ti oxides of reduced TiO2 [53,116,117] a d reduced SrTiO3 or BaTiO3 [118–121]
or the creation of Ruddlesden Popper phases under oxidizing/reducing conditions, or after electrical
polarization at room temperature [118,119,122]. Those effects can dramatically modify the height of
the steps on the surface (see. e.g., [120,123]).
Thermal treatment does not significantly change the density of dislocations, if the stoichiometric
of the surface layers of TiO2 or SrTiO3 is maintained. At first sight, this information seems to be in
conflict with the statement in the literature and experimental confirmation (using TEM technique)
that the density of dislocations can be significantly reduced (by about two orders of magnitude)
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via thermal treatment. In the part of our review which is dedicated to the identification of the exit
of dislocations with the etch pits technique, we provide an answer to the origin of this discrepancy,
namely that the distribution of the dislocations in the crystal after thermal treatment relative to the
statistical distribution of the dislocations after polishing can be changed due to the reduction of the
free energy of the crystal. The total elastic strain energy of the same number of dislocations in the
random configuration in the matrix give a higher contribution to the total energy of the crystal than
the same amount of dislocations agglomerated in bundles, lines or bands (of course, in this case one
should bear in mind that the other opposite reaction can occur, e.g., electrostatic repulsion for the
potential approach of dislocations with the same sign). Therefore, the density of dislocations for the
thermally treated crystal cannot be checked using only a simple TEM inspection of one lamella, but for
a representative (statistically correct) study of the potential reduction of the density of dislocations via
TEM measurements foils for many dozen positions in the plane of the investigated surface layer need
to be prepared.
On the other hand, the density of dislocations in the TiO2 and SrTiO3 crystals can be increased
(multiplied). Although the native concentration of dislocations in the bulk after growth can vary from
105/cm2 (for crystals which have been grown using Czochralski method) to 107/cm2 (for crystals which
have been produced with Verneuil technique, see, e.g., [68]) the real concentration of dislocations using
different treatment can be extremely multiplied, nearly to the rendering amorphous limit, that means to
about 1013/cm2. This increase of the density of dislocations can be generated via mechanical polishing,
cleaving, scraping, axial or hydrostatic pressure, electrostatic pressure (e.g., which accompanies
electrodegradation or breakdown processes), thermal gradient, or redox processes at high temperature
(see, e.g., [68,101] and references therein). This last formulation about potential multiplication
of dislocations at high temperature during reduction concerns the creation of so-called hairpin
dislocations, which eventually allows for the transformation of TiO2−x into Magnéli phases [124].
5. Experimental Techniques for the Investigation of Dislocations in Real Oxides Crystals
5.1. Etch Pits Technique (Optical, SEM and AFM Investigation)
Inspection of the exit of the edge dislocations in the plane of the free surface of the crystal can
be obtained using an appropriate etchant. Although the connotation “appropriate” does not imply
a negative meaning, it should be noted that the search for appropriate etchant has been classified as
“a black art” of science. In fact, it is very difficult to define the chemical composition of the etchant for
the selective decoration of the dislocations solely on the basis of theoretical considerations. Since 1953,
when F. J. Vogel et al. [125] presented for the first time an unequivocal correlation between the position
of dislocations and the position of the etch pits, the etch techniques has been established as a simple
and popular method for the investigation of the density of dislocations, for their character (e.g., edge
or spiral dislocations), crystallographic orientation and their arrangement (see, e.g., [126]). The most
complicated problem which is connected with creation of etch pits concerns the nature of the selective
dissolution of the surface region close to the core of dislocations. The best introduction in this problem
of etch pits formation can be found in the book by Sangwal [127] who analyzed different models
such as: kinematic theories, thermodynamic theories, diffusion theories, and topochemical absorption
theories. Our short review cannot concentrate on a detailed analysis of each step of the etchant
interaction with the core of dislocations and their surroundings. Therefore, we will only mention
here that there is no plausible theory for TiO2 or SrTiO3 available which tries to correlate the creation
of the nuclei (by dissolutions in etchant) caused by the preferential etching of dislocations with the
available data from HRTEM techniques about of the local electronic and crystallographic structure.
The important statement for this part of our review is however that etching of both model oxides does
actually work!
Etching of TiO2 crystals can be realized using different etchants: HF, H3PO4, KOH, KHSO4, NaOH
in a temperature regime between RT and 400 ◦C [28,128–132]. The typical wet etching with HF acid
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leads to the following chemical reaction, which in its character allows for preferentially decorating the
exits of the dislocations on the surface of TiO2 [(100) or (110)] [132]:
Reaction:
TiO2(s) + 6HF(sol) → TiF2−6(sol) + 2H+(sol) + 2H2O(sol)
The dissolution of TiO2 in molten KOH can be described in terms of a Lux–Flood transformation
(TiO2 in contact with OH− ions can be fragmented into simple titanate ions) and soluble acid titanate,
here K2mTinO2n+m will be formed after intercalation with K+ cations, being known as stable crystal
phases in the K2O-TiO2 system [133,134].
Reaction:
TiO2 + 2 KOH→ K2TiO3 + H2O
However, a simple optical inspection underestimates the density of dislocations in the surface
layer of TiO2 crystal (Figure 6). In contrast, the topographic measurement using AFM shows that the
real concentration of etch pits is two orders of magnitude higher than for the macroscopic (here, optical)
measurement. A macroscopic inspection of the etched surface reveals different distribution of
dislocations such as statistical distribution (Figure 7a) or linear distributed bundles along scratches
(Figure 7b). The nano-investigation (using AFM) of the etched surface indicates that the shape of
the etch pits can be round and ellipsoidal [68,128]. Notice that the AFM data show a clear tendency
towards bundling of dislocations.
TiO2 + 4 KOH→ K4TiO4 + 2H2O
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Figure 6. Two examples of etch pits characterized with optical inspection: (a) of the surface of a TiO2
(110) etched in molten KOH (400 ◦C, 10 min), magnification shows a typical shape of individual etch
pits; and (b) of a TiO2 (100) surface etched using buffered HF. In the latter case, a much higher density
of dislo ations is visibl due to the fact that the HF-buffere etching is les ffective than using KOH
etchant, which gives an indication f different dislocation densities with e pect t etching depth;
(c) atomic force microscopy (AFM)-topographic picture f etch pits (wit similar shapes) on TiO2 (110)
surface (for the decoration of the exit of dislocation only a short etching using HF was applied, adapted
from [68]). This gives to support to a tendency of agglomeration or so-called bundling of dislocations.
The determined density of dislocation is here 1.5 × 1010 per cm2.
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Figure 7. SrTiO3 crystal, example of the distribution of the etch pits in the plane of (100) for the central
region of t e crystal (a). Photography (b) shows an agglomeration of dislocations along both orthogonal
directions <100>.
The best results of a selective decoration of the end of dislocation lines for SrTiO3 crystals can be
reached using HCl, HF or HNO3 etchants for short etching at 80–90 ◦C [44,45,68,135–137]:
SrTiO3 + 2HCl→ SrCl2 + H2TiO3 → SrCl2↓ + TiO2↓ + H2O
SrTiO3 + 2HCl→ H2TiO3 + SrCl2 → H2O + TiO2 + SrCl2 → TiO2 + H2O·SrCl2
2SrTiO3 + 8HF→ SrF2 + H2TiO3 + SrTiF6 + 3H2O→ SrF2↓ + TiO2↓ + 3H2O + SrF2 + TiF4
In the last step of this chemical treatment the crystal should be flushed with deionized water and
for stopping the leaching the water should be bonded with, e.g., methanol. It should be realized that
for the etc ing of SrTiO3 using HCl the chemical attack is in principle limited to the disloc tion lines
which c ntain a surplus of SrO. Ther fore, shape of the etch pits is round for short etching time
and in fact will create a kind of pipe (see Figure 8); this shape can be easily identified by topographic
investigation of the etched surface using AFM. The etching using HF produces etch pits with typical
shapes of inverted pyramids (see Figure 9). The density of dislocations (for the first stage of etching),
which can be calculated on the basis AFM measurements, is about 6 × 109/cm2. An important
conclusion which can be derived from an AFM study concerns the distribution of islocations in-plane
and out- f-plane, amely the fact that the dislocations can bundle an accumulate in <100> or <010>
directions. The dramatic change of the length of segments of dislocations (analysis of the depth of
the etch pits, see Figure 8) suggests that the dislocations out-of-plane are connected in a network
which has a similar character than a hierarchical tree or hierarchical structure of dislocations [10,45,68].
This hierarchical structure is characterized by a high conce tration of dislocations in the upper
part of the surface layer and a decrease of the density towards the bulk. Further evidenc of such
an arrangement in a network with hierarchical structure (or alternatively hierarchical tree) is given by
TEM studies out-of-plane (see Section 5.3.3), the analysis of the density of etch pits and their shapes as
a function of etching time (Figure 10) and the observation of the electrical conductivity (out-of-plane)
of the reduced TiO2 and SrTiO3 crystal (see below, Section 7). In the upper part of the surface layer the
density of dislocations determin d by TEM measurement ( ee e.g., [10]) is similar to th concentration
of etch pits after short etching (see e.g., [45,68]). Because for both model oxides (TiO2 and SrTiO3)
we were able to correlate the position of the etch pits and the position of the conducting filaments
(see, e.g., [51,68]) we are convinced that the character of the change of the density of dislocations in
surface region (as a function of the distance from the actual surface) corresponds with the hierarchical
structure in the network. Of course, such networks have to follow the condition that in all nodes the
sum of the Burgers vector should be zero. Finally, also notice that the distribution of the etch pits on
the nanoscale shows a very high inhomogeneity, especially along dislocation bands (Figure 9). In such
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a region, the density of dislocations can even be one or two orders of magnitude higher than for the
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obtained on different small pieces prepared from the same large crystal. This was necessary since the 
optical characterization requires clean surfaces (in a bath of hot deionized water and washed in 
ethanol) and could influence the kinetics of the etch pits creation in subsequent etching periods due 
to preferential leaching of SrO in hot water. 
In a similar way as noted for the TiO2 investigation, an optical inspection of the etch pits density 
of SrTiO3 underestimates the concentration of etch pits, which is not only an effect of the resolution 
of an optical microscope but is connected again with the bundling of dislocations since this gives only 
one etch pit for a group of dislocations (Figure 10) or is caused by the hierarchical construction of the 
network [48]. In this case, after a short etching time, the etchant reaches a node of two or three short 
dislocation segments, and a prolonged etching leads to the creation of only a single etch pit. Despite 
Figure 8. (a) AFM-topographic picture of etch pits r i 3 (1 0) surface (for th decoration of the exit
of dislocati n only a short etching was ap lied). The d i ed density of dislocation is 1.5 × 1010 per
cm2. (b) Cross-section (A–B) shows a variation of ths of th etch pits. Inset (c) shows a possible
2D projection of a three-dimensional arrange ent of the dislocations in a network of dislocations in
surface layer of SrTiO3; red circles mark the nodes of dislocations network, which fulfill the criterion
that in such nodes the sum of Burgers vectors has to vanish. This scheme illustrates a dramatic
reduction of the density of dislocations from the outer surface to the deeper parts of the surface layer
(region), which has been proved by TEM study [10,42] (for details see, e.g., [68] and sub-Section 5.3.3).
Such a kind of network is typical for a so-called hierarchical tree of dislocation arrangement.
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Figure 9. Collection of the optical photographs which shows the evolution of the etch pits distribution
on SrTiO3 (100) crystal for d fferent etching time of 3s (a,e), 8s (b,f) 16s (c,g) and 32s (d,h) i low
magnifica ions (a–d) and high magnifications (e–h). Note, that for short etching tim only the region
close to the edge of the crys al with dislocations (accumulated in bands) can be identified via optical
(here microscopic) inspection. Note further, that time-d pendent etching of th SrTiO3 crystals was
obtained on different small pieces prepared from the same large crystal. This was necessary since
the optical characterization requires clean surfaces (in a bath of hot deionized water and washed in
ethanol) and could influence the kinetics of the etch pits creation in subsequent etching periods due to
preferential leaching of SrO in hot water.
In simil r way as noted for the TiO2 investigation, a optical inspection of the etch pits density
of SrTiO3 underestimates the con entration of etch pits, which is not only an effect of the resolution of
an optical microscope but is connected agai with the bundling of dislocati ns since this gives only
one etch pit for a group of dislocations (Figure 10) or is caused by the hierarchical construction of
the network [48]. In this case, after a short etching time, the etchant reaches a node of two or three
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short dislocation segments, and a prolonged etching leads to the creation of only a single etch pit.
Despite the disadvantage of a microscopic investigation of etch pits in the plane of the etched surface
of the SrTiO3 crystals, this technique is clearly extremely useful for a fast analysis of the distribution
(homogenous, see Figure 7, or inhomogeneous as illustrated, e.g., in Figure 11) of etch pit for large
areas of an etched surface.
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Figure 11. Distribution of etch pits on both sides (A and B) of a SrTiO3 bicrystal (boundary 36.8°, 
dimension of the crystal 1 × 1 × 0.05 cm3). The magnifications from the same regions of the crystals 
(upper and lower sides) show a similar position of the etch pits close to the boundary of the mosaic 
structure, which has been created during sythesis of the bicrystal. Notice: the photography B was 
mirrored. 
The most impressive application of the etch technique for SrTiO3 crystals can be visualized by 
the distribution of the etch pits for bicrystals (see Figures 12–16). Bicrystals of SrTiO3 are typically 
Figure 10. AFM “3D” topography of the representative etch pits on the surface of SrTiO3 (100) for
different interaction time between the crystal and etchant (here HF) (a). The diagram on the upper
right (a) shows the linear increase of the average depths of the etch pits as a function of etching
time. Cross sections of selected etch pits (for different etching time (b)) do not correspond with
classical linear inclination (slope) of the facets, rather the cross-sections have a typical shape for
a funnel (see insert on right). Only for two etch pits the mentioned linear inclination has been found
(cross sections marked with green lines). The deviation from the planarity of the shape of etch pits
facets is a consequence of the change of the etching yield for the hierarchical tree of dislocations (c),
where the concentration of dislocations is dramatic reduced between surface layer and interior of the
crystal (for details see [10,42,68]).
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di ensi crystal 1 × 1 × 0.05 cm3). The magnificati ns from the same regions of the
crystals (upper and lower sides) show a sim lar position of the etch pits close to the boundary of
the mosaic stru ture, which has b en created during sythesis of the bicrystal. Notice: the photography
B was mirrored.
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The most impressive application of the etch technique for SrTiO3 crystals can be visualized by the
distribution of the etch pits for bicrystals (see Figures 12–16). Bicrystals of SrTiO3 are typically prepared
by a hot-joining technique. Before joining the contact planes of the both crystals are epi-polished.
The kind of temperatures used are 1400 ◦C and joining may last as long as 10 h, for details see [138].
For the ideal case of the distribution of dislocations along the boundary, one should only observe
(after etching of the bicrystal) a kind of overlap of etch pits along a line with a distance of a few
nm. Nota bene, such a configuration of the regular distribution on the nanoscale can be directly
derived from the HRTEM measurement (see, e.g., [65]). Therefore, for such a position of etch pits
one can expect the creation of a continuous canyon with triangular shape (considering the resolution
given by an optical microscope) (see Figures 14 and 15). A collection of photographs of etch pits for
a bicrystal shows instead the real distributions of etch pits along the boundary and in its surroundings.
For a representative presentation of etched surface, we have decided to use bicrystals of SrTiO3
with the same boundary (36.4◦) originating from three different suppliers (here: Shinkosha, MaTeck
and CrysTec). In our opinion, this collection demonstrates how imperfect real bicrystals can be on
macroscopic dimensions. From Figure 12 one can immediately see that the densities of dislocations of
both parts of the crystals are not the same (which means, that during the synthesis of both tilted parts
of the crystals the dislocations in one part were more easily generated than in the other). For a simple
check that the inhomogeneity has its origin in the synthesis and not by polishing one can compare the
“averse” and “reverse” of the etched bicrystal (see Figure 11). Since the position of the etch pits on the
top and the bottom of the crystal is the same or at least very similar, the array of dislocations seems to
go through the whole thickness of the crystal. In fact, the distribution of etch pits represents a position
of low and high angle boundary of the mosaic structure which has been created during synthesis
(see Figures 12 and 14). Such an analysis of the etch pattern is obviously helpful to extract information
on the quality of real bicrystalline boundaries, revealing in the present cases the unpleasant fact that
new dislocations can be created during bicrystal production (besides the boundary), dislocations also
show a tendency to bundle (see Figures 13–15), and, moreover, dislocations along the bicrystalline
boundary and close to the boundary of the mosaic structure can agglomerate in bands. We presented
these data to remind the readers that great care and experience is required to generate high-quality
crystals with bicrystalline boundaries.
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pits along of the “native” boundary (M) is much more regular than for the “artificial” (Bi). Optical 
photography (c)) with maximal optical magnifications of etch pits along of the bicrystalline boundary 
present the variations of the shape of the pits and their irregular distribution. The local angle (α) 
which can be determined from the inclination of the etch pits along of the boundary is not the same 
and can vary for different etch pits from 32° to 38°. Using the adjustment of the focus of the microscope 
it can be clearly verified that the dark spots along of the boundary (B) lie deeper than the bottom of 
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Figure 13. Example of the distribution of the bundles of dislocations along the bicrystalline boundary
(36.8◦) in SrTiO3 show a “dramaturgy of the imperfection on the microscale” of the real boundary (a).
Photography of etch pits (after short etching in HF) was taken using maximal magnification (b) with
Nikon Optiphot metallurgical microscope with ND 32 filter.
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Figure 14. Optical photographs of etched SrTiO3 bicrystal (boundary 36.8◦). (a,b) (zoom) show the
arrangement of etch pits along of the bicrystalline boundary (Bi) and a similar grouping of etch pits
along of the boundary between mosaic structures (M). It should be noted that the distribution of etch
pits along of the “native” boundary (M) is much more regular than for the “artificial” (Bi). Optical
photography (c)) with maximal optical magnifications of etch pits along of the bicrystalline boundary
present the variations of the shape of the pits and their irregular distribution. The local angle (α) which
can be determine from the inclination of the etch pits along of the boundary is not the sa e and can
vary for different etch pits from 32◦ to 38◦. Using the adjustment of the focus of the microscope it can
be clearly verified th t the dark spots along of the boundary (B) lie deeper than the bottom of the etch
pits. There are exits of the bundle of dislocations.
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Fig re . 3D topography of etch pits along of the boundary (36.8◦) (a) shows complicated sh pes
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dislocations n both sides of the boun ary (see Fig re 11). EB: etch pits of the bundle (b), EG: etch pits
of the band of dislocations (c).
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Figure 16. Distribution of etch pits for the 24.6◦ bicrystalline boundary in SrTiO3 crystal shows similar
irregularity than for the boundary 36.8◦, el broad band of etch pits along of the boundary
and their bundling (see magnification of region A). The shape of the “canyon” (s e contours 1 and 2)
of etch pits l t l f t bo ar (a,b) suggests the existence of a hierarchical network
(see discussion about etch pits for SrTiO3 crystal given above in Figure 10). Probably the stress which
accompanies the synthesis of the bicrystals is respon ible for the incr ase of th mosaicity in both parts
of the crys al and has generated a new boundary.
The classical etch technique can be successfully used for TiO2 and SrTiO3 crystals for an analysis
of t e change of the distribution of dislocations in-plane caused by thermal treatment (Figure 17)
or mechanical stress (see below, Figure 17, right).
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5.2. X-ray Topography
X-ray topography using either labor X-ray sources or synchrotron irradiation is a powerful X-ray
diffraction technique for the non-destructive study of the nature and the distribution of extended
defects (especially dislocations) in the plane of the surface layer n in the bulk of real crystals [139,140].
In this method, a collimat X-r y (with a shape of a ribb n) irradiates single crystals for different
(selected) Bragg angles. The diffracted beam (in fact, a diffraction spot is called an X-ray topography)
is analyzed via a classical X-ray sensitive photo-film or using X-ray sensitive position detectors.
The influence on the local diffraction power coming from the imperfect (distorted) regions generates
a variation of the intensity relatively to the perfect matrix. The manipulation of the Bragg conditions
can for example be useful for e analysis of the Burgers vector of the dislocations etc. The nature
of the contrast on the X-ray topography is described by the kinematical and dynamical theories of
X-ray diffraction [141].
This very sensitive method for the analysis of the extended defects and strained regions has often
been used for SrTiO3 crystals, especially for studies of the mosaicity and the density of dislocations
which are generated during growth of the crystals with different methods [99–104,142,143]. It should
be noted that the X-ray topogr phy studies for SrTiO3 crystals have revealed at these crystals cannot
be (in the regular phase) classified as a monocrystals, because the low- and high-angle boundary
are typical for the mosaic-like structure, which in turn means that such crystals can be defined as
single crystals.
In contrast to the detailed study using X-ray topography of SrTiO3 crystals there is no literature
about this topic for TiO2 crystals.
5.3. Imaging and Spectroscopy by Atomic-Resolution STEM
In order to investigate the structure and chemistry of dislocation cores, it is necessary to
employ a new tool to directly observe the local atomic configurations, chemical types and their
electronic structures. One of the most versatile experimental systems for this purpose is an electron
microscope and we briefly describe in this s cti n the concepts and the ability of modern electron
microscopy. Followi g he successful impl mentation of 3rd or 5th rder aberration correctors in
electron microscopy [144,145], the spatial resolution has dramatically improved and the current
attainable lateral resolution is 40.5 pm—less than half an Ångström [146]. In addition to the progress
on electron optics, the mechanics and electronics and detectors have been significantly improved
which allows us to perform electron energy-loss spectroscopy (EELS) [147–149] and energy dispersive
X-ray spectroscopy (EDS) [150,151] at atomic dimensions. There is a wide variety of microscopy,
and two major systems in atomic-resolution are well known: transmission electron microscopy (TEM)
and scanning transmission electron microscopy (STEM). In the nature of great flexibility of detectors,
we here introduce the currently widespread imaging and spectroscopy of modern STEM.
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In history, STEM was invented and designed by M. von Ardenne in 1937, which is only several
years behind the development of TEM by M. Knoll and E. Ruska in 1932 (detailed can be found in this
book [152]). However, there were many technical difficulties (mostly limited by noise) of STEM and
then most of efforts were dedicated on the development of TEM. In the late 1960s, A. Crewe newly
designed and constructed STEM with a field emission gun, annular detector and spectrometer for
EELS, where the transmitted electrons through the center hole of annular detector were collected by
the EELS spectrometer [153]. The basic design of modern STEM is referred to Crewe’s microscope.
In 1970s, Crewe firstly achieved the visualization of single Uranium atoms on thin amorphous carbon
films [154]. In late 1980s, STEM technique was applied to the crystal viewed along the low index
crystal orientation and firstly realized the chemical sensitive imaging in the crystal, where the annular
dark field (ADF) detector was set at high-angle to efficiently remove elastic scattering contrast [155].
This imaging mode is known as high-angle annular dark-field (HAADF), where the contrast is sensitive
to the constituent atomic number (Z) and therefore the mode is also known as Z-contrast imaging.
Hardware of the modern STEM. Figure 18 shows the schematic view of STEM configuration
and detector geometry. The imaging electrons are generated by a field emission gun, and the
electrons are very finely focused by the aberration correctors and probe forming objective lens.
Then, the sub-ångström electron probe is scanning over the specimen and the atomically resolved
images are formed by collecting the transmitted electrons at each probe position with detectors beneath
the sample.
Typical description for each component is given as follows. Incident electrons are typically
accelerated at 60–300 keV and relatively higher accelerate voltages such as 200–300 keV are typically
selected for oxide materials because of higher spatial resolution. Lower accelerate voltages of
60–80 keV are also commercially available and used for the observation of two-dimensional materials,
i.e., graphene or transition metal dichalcogenides [156]. The energy spread of the incident electrons
are typically ∆E ~0.4 eV with a cold field emission gun, which is enough to perform core-loss
EELS measurements. Recent progress on the monochromator of an electron source, the energy
resolution is greatly improved up to 10–30 meV (10 times better than that of a cold field emission
gun), which makes it possible to measure the local bandgap and phonon excitation (vibrational
spectroscopy) [157,158]. The most limiting factor for atomic-resolution imaging was 3rd order spherical
aberration but at the end of last century the combination of multi-pole lens system (quadra-octa poles or
hexapole lens system) solved the problem, the invention of aberration correctors. Using an aberration
corrector, the illumination angle in STEM is typically increased 20–30 mrad (semi-angle), providing
sub-ångström probe. For detection of transmitted electrons, scintillators (Ce-doped YAP) combined
with photomultiplier tubes are mostly adapted for the imaging detectors because short life time
(~30 ns) at room temperature and moreover it is sensitive to single electron levels [159]. Recently,
the shape of detectors is reconsidered, and segmented-type [160,161] and pixelated-type detectors [162]
are now used for electromagnetic field imaging and ptychographic imaging. In this section, we will
briefly describe the imaging and spectroscopy of HAADF, ABF (annular bright-field), EDS and
EELS, respectively.
High-Angle Annular Dark-Field: HAADF. Using an aberration corrector and objective lens,
the image of a gun tip or probe is formed on the specimen surface or preferable location. The
wave function of the probe at the position rp in real space (r) is given by the illumination angle
(αmax = λkmax) and the aberration wave function exp[−iχ(k)] in reciprocal space (k) [163]:
Ψ
(
r, rp
)
= A
∫ kmax
0
exp
[−iχ(k)− 2piik · (r− rp)]dk.
The aberration correctors are operated to maximize the aberration wave function in a wide range
of k-frequency and the probe size becomes smaller than 0.1 nm. The probe is then scanned across the
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sample and the transmitted electrons are used to form atomic-resolution images. The image intensity
and accessible information depend on the location of the detector in reciprocal space:
I
(
rp
)
=
∫ ∣∣Ψt(k, rp)∣∣2D(k)dk,
where Ψt
(
k, rp
)
. is a Fourier transformation of the transmitted wave function, and D(k) is detector
function (1: on the detector and 0: otherwise). The detector shape is usually radially symmetric such
as circular or annular detectors. The inner angle of the HAADF detector is typically twice higher
than the illumination angle, e.g., the integration range is 60–200 mrad for the illumination angle of
30 mrad. In such high-angle condition, the amount of elastically scattered electrons is progressively
reduced and incoherently scattered electrons are the dominant contribution of the image: the thermal
diffuse scattering related to Debye-Waller factor rather than coherent Bragg scattering [164,165].
The electrons at high-angles were scattered nearly from the nuclei and the contrast in HAADF shows
the Z2-dependence of unscreened Rutherford scattering and the HAADF STEM is called Z-contrast
imaging. In this sense, the intensity of HAADF image may be simply described by the straightforward
convolution of point spread function P(rp) and objective function O(rp):
IHAADF
(
rp
)
= P
(
rp
)⊗O(rp).
Figure 18b shows the HAADF STEM image of SrTiO3 viewed along the [001] direction, and one
can clearly recognize the locations of Sr and Ti-O atomic columns, as respective bright contrasts [166].
Owing to the Z-contrast nature, the heavier Sr atomic column is brighter than Ti-O atomic column,
and therefore Z-contrast imaging can be considered as a chemical sensitive imaging. The other
advantage of HAADF image is non-reversal contrast, i.e., the atom position appears as a bright dot
contrast even with relatively thick specimen of 50–100 nm, providing a simple interpretation of the
image. Although it requires full dynamical image simulation, it is now possible to quantify the intensity
of HAADF image or even count the number of atoms in projection [167–170].
Annular Bright-Field: ABF. HAADF STEM is quite powerful and solves a number of materials’
problems [152]. It is however hard to recognize light atom positions in HAADF STEM because
of the low scattering power of the light elements into high-angles. In oxide materials community,
the identification of oxygen atom position has long been desired to understand the origin of physical
properties such as ionic conductivity, superconducting, ferroelectricity and ferromagnetism. After the
implementation of aberration corrector, the bright field region (the smaller scattering angle than the
illumination angle) has been reconsidered and a new method of annular bright-field imaging was
proposed with the aid of comprehensive theoretical investigations [171,172]. As shown in Figure 18a,
ABF detector is placed at the bright-field region but the half of central regime is not used for imaging,
i.e., detection angle is 15–30 mrad with the illumination angle of 30 mrad. Figure 18c shows the ABF
STEM image of SrTiO3 viewed along the [100] orientation, simultaneously recorded with HAADF
STEM. In ABF image, the atomic column can be seen as dark contrast that is opposite contrast
of HAADF image, but the atom positions in ABF image are exactly the same as HAADF image.
In addition to Sr and Ti–O atomic column, new dark contrasts appear in ABF image, corresponding
to the oxygen atom positions. In bright-field region, there appears electron scattering interference
between transmitted and scattered waves, which may produce the artefact contrast eventually at
the oxygen atom positions. To establish the robustness of ABF STEM imaging, deliberate theoretical
investigations have been performed, including various crystal systems, defocus-thickness dependence,
specimen tilt, detector misalignment and non-uniformity of the detector response [172,173]. Although
the image formation mechanism of ABF STEM is not as simple as HAADF STEM, it realized that the
dark contrasts can universally be observed at the light element atomic positions. It is noteworthy
that, under the in-focus condition, the atom positions of both heavy and light elements can be seen as
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non-reversal dark contrasts, and therefore ABF STEM imaging is directly interpretable and as robust
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Figure 18. (a) Schematic view of ray-path of scanning transmission electron microscopy (STEM)
mode and detector geometry of high-angle annular dark-field (HAADF), annular bright-field (ABF),
electron-energy loss pectroscopy (EELS) and EDS. Simultaneously recorded (b) HAADF and (c) ABF
STEM images of SrTiO3 viewed along the [001] orientation.
Here we describe the image formation mechanism of ABF STEM in a simplified anner [174].
When the probe is traveling through the heavy atomic column, the electrons are channeling along the
column and most of electrons are scattered into dark-field regime, visualizing the heavy atomic column
as a strong dark contrast. While at the light atomic column, the electrons are weakly channeling along
the column and a part of lectrons a e scattered forward and go hrough the centr l hole, and therefore
the light atomic column becomes faint dark contrast.
Although we explain the robustness of ABF STEM imaging but the remaining intriguing question
is whether the lighter atoms than oxygen is possible to detect in ABF imaging. As an example,
Figure 19 shows the sim ltaneously recorded HAADF and ABF STEM im ges of LiCoO2 viewed
along the [100] crystallographic orientation [174]. In HAADF image, one can see only the Co atoms as
a bright contrast and the other atoms of oxygen and Li are difficult to recognize. However, in ABF
image, all the chemical types of atoms are visible as dark contrast including Li atoms. ABF imaging
has been used to lithium ion battery and hydrogen storage materials and successfully achieved the
visualization of lithium [175] and even the lightest element of hydrogen atomic column [176,177].
Therefore, it is possible to visualize all the chemical type of elements at atomic dimension.
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Electron Energy-Loss Spectroscopy: EELS. In metal oxides, transition metals possess a wide
variety of valence states that directly dictate the physical and chemical properties. However,
the intensity of HAADF and ABF images is insensitive to the valence state of transition metals
and another approach is required to identify the local electronic structures. When high-energy
incident electrons pass through the specimen, the incident electron may interact with atomic electrons
surrounding a nucleus, which process is known as inelastic scattering. The core electrons of the
constituent atom will then be excited to the outer shell and the incident electrons conversely lose
the corresponding energy. EELS can typically measure the loss-energy of the incident electron in the
range of less than 3000 eV, which allows us to determine the valence state (>200 eV), plasma excitation
(10–30 eV), band gap (<10 eV), and phonon vibration (10~100 meV). The cross-section of inelastic
scattering may be written as a dynamic form factor S(q, E) [178]:
∂2σ
∂E∂Ω
∝ S(q, E) = ∑i, f
∣∣∣φ f ∣∣∣eiqr∣∣∣φi∣∣∣δ(ε f − εi − E),
where |φi > is the initial core state of energy and momentum (εi, k0),
∣∣∣φ f > is the final conduction state
of energy and momentum (ε f , k) for the electron of the constituent atom, the transferred momentum is
q =k0 −k. It is noteworthy that, as illustrated in Figure 18a, EELS measurement in STEM is compatible
with HAADF STEM imaging because the most of inelastic (forward) scattering electrons can go through
the central hole of HAADF detector.
Figure 20 shows an example of the line scan of Ti-L2,3 edges (STEM-EELS) obtained from the
photocatalytic materials of LaTiO2N from the surface to the bulk (1 nm step) [179]. In the bulk,
two peaks split into four peaks (t2g and eg states) and the valence state of Ti is identified to be 4+.
While in the near surface (<2 nm), two peaks are not split and therefore the valence state of Ti is 3+
only at the surface and this region is active in photocatalytic reaction.
In STEM mode, the EELS data acquisition is not limited to line scan profile but is possible to
perform in 2D scan. Although the acquisition time is at least three orders of magnitudes slower
than ADF imaging, the higher mechanical stability of modern STEM makes it possible to acquire
spatially resolved 3D data cube at atomic-scale, where EEL spectrum is obtained at 2D probe position.
On the basis of post data analysis, atomically resolved chemical mapping and moreover valence
mapping are possible, although the channeling condition is carefully considered for the interpretation
of data set [147–149]. In this section, we have discussed the valence state of transition metal, but the
EELS has more capability: measurement of the specimen thickness (log-ratio method), estimation of
local concentration of vacancy, valence EELS, vibrational EELS [178].
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Energy Dispersive X-ray Spectroscopy: EDS. When the constituent atom of a specimen is excited
by the high energy electron beam, an electron hole is created in the inner shell. The excited electron
then refills the hole and the specific energy (difference between inner and outer shells) is then released
in the form of an X-ray. Generated specific-energy X-ray is directly related to the chemical type and
therefore it is useful to determine the chemical composition of a specimen. The cross-section in EDS
is typically three orders of magnitudes smaller than that of EELS and moreover a collection solid
angle of EDS detector was ~0.1 sr (a sphere is 4pi sr), which has long been the technical difficulty to
perform atomic-resolution EDS mapping. Recently, a considerably large size of silicon drift detector
(>100 mm2) has been introduced and the solid angle is significantly increased to 1.0 sr. Furthermore,
using multiple silicon drift detectors, the total solid angle is now larger than 2.0 sr. To understand
the measurement system, we here compare the methodology of EDS to EELS. The measurable energy
range in EELS is less than 2 or 3 keV, whereas EDS can perform in much wider range from 0.1 eV
to 30 keV, and therefore EDS can detect all the chemical types, except for the lighter elements like
lithium. While in the energy resolution, EELS has much high energy resolution than that of EDS,
and EELS is suitable to investigate fine electronic structure of materials. In EDS, silicon drift detector is
connected to a pulse processer (incoming voltages convert into counts) and processing is very fast.
The EDS detector can wait for eventual X-rays, and therefore multiple-frame scanning can easily
perform as used in STEM imaging to enhance signal-to-noise ratio. While in EELS, the read-out time is
considerably slow in charged-couple devise and moreover a reading-out noise is introduced for each
time and therefore one-time measurement is suitable. Considering the beam damage issue, EDS with
fast multiple scanning would be suitable for the compositional mapping at atomic-scale.
Figure 21 shows atomic-resolution HAADF and EDS images of a single dislocation core at
the low-angle tilt grain boundary of Mn-doped SrTiO3, where the crystallographic orientation is
(100)/[001] with a 5◦ mistilt angle [180]. After the acquisition of EDS spectra at each probe position,
Mn-L, Sr-L, Ti-K edges were integrated and the then EDS maps were obtained. It can be clearly seen
the Sr and Ti columns are spatially resolved in EDS maps. At the dislocation core, Sr becomes slightly
depleted and it is then realized that Mn dopants substituted Sr combining with EELS analysis.
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5.3.1. Dislocation Structure and Chemistry in the Grain Boundary of SrTiO3
A dislocation is a one-dimensional crystal defect and has so far been investigated to understand
the mechanism of deformation or mechanical properties in metals. In semiconductor and insulator
materials, however, we may have an opportunity to embed a new functionality in dislocations,
especially electric [3], magnetic [180,181] and optoelectronic properties. For further development of
functional dislocations, it is a prerequisite to identify the chemistry and atomic/electronic structures of
dislocation cores. To perform comprehensive investigations on a dislocation, it is desirable to fabricate
well-defined dislocations. One appreciable approach is the bicrystal method, where two single crystals
are thermally bonded in a specific crystal orientation. In a low-angle tilt grain boundary, dislocations
are periodically introduced along the grain boundary to compensate the mis-tilt. In this section,
we will discuss a specific example of SrTiO3 dislocation core structure, especially on the dislocation
core structure in the grain boundary rather than the dislocations in the bulk, by using modern
atomic-resolution STEM [95].
The SrTiO3 bicrystal with a [001]/(100) 10◦ tilt grain boundary was prepared by a thermal
diffusion bonding of two single crystals, where the bicrystal was finally annealed at 1000 ◦C for
80 h after the pre-annealing at 700 ◦C for 20 h. The electron transparent TEM sample was prepared
by conventional mechanical polishing and subsequent Ar ion milling with lower voltage of 0.2 kV.
Figure 22a shows HAADF STEM image obtained from the bicrystal viewed along the [001] crystal
orientation. There are two types of dislocation cores are alternatively arrayed along the grain boundary,
and we will denote these dislocation core structures as core-A (SrO-termination) and core-B (TiO2
termination), respectively. The distance between these cores are about 6 unit cells which is consistent
with Frank’s formula calculated from the mistilt of 10◦. The Burgers vector of these cores are the
same as a [100], but the observed Z-contrast has much difference: the contrast of the core-B is much
darker than that of the core-A. Figure 22b–e shows simultaneously recorded enlarged HAADF and
ABF STEM images of core-A and core-B, respectively, where oxygen atomic columns in ABF images
are also visible as a dark faint contrast even at the dislocation cores. The corners at the dashed white
lines are TiO and Sr atomic columns for core-A and core-B, respectively. Some oxygen atomic columns
have low occupations and moreover at the center of core-A, the oxygen atomic column is completely
missing. At the cation site in these cores, some atomic columns exhibit the contrast elongation or split,
suggesting local structure inhomogeneity. To precisely identify the dislocation cores, it is necessary to
determine the elemental distribution at the dislocation cores.
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Figure 23a shows atomic-resolution EDS maps at the dislocation cores (red: Sr, green: Ti),
where 10 pair of dislocations core maps were averaged to minimize the spatial variety and improve
signal-to-noise ratio. The enlarged EDS maps of core-A, -B are shown in Figure 23b,c, respectively,
where the dashed lines correspond to the location in Figure 22. As expected from the HAADF and
ABF images, the atomic structure of core-A seems to be simple: no mixture of Sr and Ti and the three
Sr columns at the core-A have slightly small occupation. While in the core-B, Sr occupation seems to
be poor and Ti signals are widespread at the dislocation core region (not sharp contrast). Combining
Ti EDS map with ABF image, it is realized that the reconstruction is related to a transition of TiO6
octahedrons from corner sharing in perovskite to edge sharing: the local formation of rocksalt-like
structure. Since the probe channeling effects along the atomic column always disturb the quantification
of EDS signals, we here use a linear approximation of EDS signals [182], which provides a rough
estimation of the local composition. The elemental occupations of the dislocation cores are estimated to
be (Sr, Ti) ' (0.82, 085) for the core-A and (Sr, Ti) ' (0.63, 0.90) for the core-B, respectively. On the basis
of these analysis, we identify the local composition of at each atomic column for both dislocation cores,
and the results are given in Figure 23b,c, as overlaid structure models, where the numbers are indices
for atomic columns and the color corresponds to the occupation of elements (red: Sr, green: Ti, yellow:
O, while: unoccupied). At the core-A, the oxygen columns of #11 and #12 have very low occupations.
At the core-B, most of Sr columns of #13, #14, #18, #19, #21 are partially occupied by Ti atoms and some
oxygen atomic columns, expected from the bulk extrapolation, are also occupied by Ti, which gives
an impression of very green-colored EDS map at the core-B.
In addition to the composition, the electrical activity of dislocation core is also strongly affected
by the local electronic structure of Ti, which can be measured in EELS. Figure 24a shows EEL spectra
obtained from the core-A, core-B, gap between A and B (continuously connected two single crystals at
the grain boundary), and the bulk region, respectively. In SrTiO3, the two peaks of the Ti-L edge for
Ti4+ are well splitting into four peaks, corresponding to the eg and t2g states respectively. At both the
dislocation core regions, Ti-L edges show slight energy shift towards lower energy and less pronounced
peak splitting, suggesting the mixture of Ti3+ and Ti4+. Using multiple linear least squares fitting,
the spatial distribution of Ti valence states are determined and given in Figure 24b,c for Ti3+ and
Ti4+, respectively. The slightly reduced Ti3+ regions are concentrated at the dislocation core regions,
while the bulk and gap regions maintain the valence state of Ti4+. Combining atomic-resolution
HAADF, ABF imaging and EDS, EELS spectroscopy, the dislocation core-A and core-B is estimated
to be Sr0.82Ti0.85O3−x (Ti3.67+; 0.48 < x < 0.91), and Sr0.63Ti0.90O3−y (Ti3.6+, 0.57 < y < 1), respectively.
To possess the charge neutrality at the dislocation cores, the amount of the oxygen vacancies is
estimated to be x = 0.63, and y = 0.75.
In general, the oxygen vacancy formation energy is significantly reduced at the dislocation core,
which is true in this case of core-A and core-B. For the dislocation core-A, the occupation of the oxygen
columns of #11, #12 is considerably small because of strong Coulomb repulsive interaction between
these two neighboring oxygen columns. For the core-B, oxygen columns are replaced by Ti, which is
originated to the TiO2 plane termination at this core. The observed oxygen deficiency results in the
reduction of Ti valence, which is also confirmed by EELS. Compared with bulk SrTiO3, the reduced Ti
ion may contribute to the local electrical conductivity along the dislocation cores. Oxygen vacancies also
introduce some spaces and therefore oxygen ion conductivity may be enhanced along the dislocation
cores. The composition of dislocation core can be expressed as αSrO·βTiO2·γTi2O3 (Ti3+ for Ti2O3,
Ti4+ for TiO2), where α and β + γ can be measured from the EDS mapping of Sr and Ti and the ratio
of β to γ can be estimated from the EELS. From the experimental results, the respective components
for the core-A and core-B are determined to be (α, β, γ)A = (0.82, 0.57, 0.14), (α, β, γ)B = (0.63, 0.54,
0.18). Since the dislocation cores are different from the bulk in the sense of crystallography and
chemistry, the dislocation cores should be probably considered as foreign objects when we discuss
the local properties of electric or ionic conductivity. Therefore, a simple space charge model without
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consideration of the presence of these foreign objects is no longer sufficient to precisely interpret the
local properties at the dislocation cores.Catalysts 2018, 8, x FOR PEER REVIEW  23 of 76 
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5.3.2. Dislocation Structure and Chemistry of Titanium Dioxide (TiO2)
TiO2 has been intensively investigated for long time because it shows potential applications in
a wide range of industrial fields, including catalysis, photocatalysis, sensors, solar cells [183–186].
It also shows the properties as a wide-band-gap (3 eV) semiconductor, but many of its applications can
be enhanced by additional electrons that originate from the defect states in the forbidden band
gap [187,188]. Different explanations of these states are possible, e.g., such in-gap states have
been observed in DFT calculations originating from edge dislocations or extended defects [32,48].
An understanding of their origin is therefore critical to improve the functional properties of
TiO2 because dislocations are implicated in many applications [189,190]. It has been reported
that dislocations are existent on the {101}, {110} and {100} planes in rutile TiO2 [22,27,191,192].
The plastic deformation in rutile TiO2 was also found to take place by activating {101}<101> and
{100}<010> slip systems [192]. The dislocations have been confirmed to affect the electrical properties
of TiO2 single crystals [19] and the ionic conductivity of polycrystalline TiO2 [20]. However,
the relationship between the dislocation core structures and properties is still unclear because
the general knowledge on the atomic-structures of dislocations has not been well characterized.
In this chapter, atom-resolved imaging is demonstrated for the core structure of <001> dislocation in
TiO2 bicrystals [32] by Cs-corrected STEM.
It has been known that the <001> and <101> dislocations can be introduced into TiO2 crystals [37].
However, the naturally or plastically introduced dislocations are usually wavy and it is not so straight
to directly resolve their core structures at the edge-on condition by TEM. In this study, by using
bicrystal technique, the low angle tilt grain boundaries, which contain periodic array of straight edge
dislocations, were fabricated to directly observe the core structure of TiO2 [32,193,194]. In this case,
all atomic columns can be identified from the [110] direction. For these reasons, the <001> edge
dislocation was selected as a model system. The TiO2 bicrystals with a small tilt angle of about 5 degree
were fabricated by precisely joining two pristine single-crystal blocks of high purity rutile TiO2 from
the orientation relationships (110)[001]//(110)[001] [32]. To prepare the bicrystals with an array of
periodic dislocations, two single crystals were cut by 2.5 degree from the (110) plane of the TiO2 single
crystal, followed by the mechanical grinding and polishing of the contact planes to a mirror finish.
The two surfaces were bonded with the [001] direction of one crystal almost parallel to [001] direction
of the other by a small tilt angle of 5 degree (2.5 degree + 2.5 degree) under hot pressing at 1773 K
for 10 h in air. TEM and STEM specimens were prepared by cutting, grinding, dimpling and argon
ion-beam thinning. HAADF and ABF images were taken using the Cs-corrected ARM-200FC (JEOL,
Ltd., Tokyo, Japan) STEM operated at 200 kV, which provides a small probe size less than 0.1 nm.
The ABF STEM images were observed with a detector of 12–24 mrad, and EELS spectra were recorded
using the Gatan Enfina system equipped on the STEM with an energy resolution, at full-width of
half-maximum, of about 0.5 eV.
To confirm the orientation relationship of the bicrystal and clarify whether dislocations are
introduced into the boundary area, the selected-area diffraction pattern (SADP) was taken (Figure 25a)
together with STEM image (Figure 25b) of the boundary area in the 5 degrees [001] bicrystal, in which
the incident electron beam is parallel the [110] direction. An overall symmetry is clearly seen in the
pattern, and a slight visible splitting is revealed for some diffraction spots (Figure 25a). In light of the
splitting spots in the SADP, the tilt angle (θ) of the bicrystal is estimated to be 5.1 degree, indicating
a successful joining of the bicrystal with the prescribed orientation relationships. As seen in Figure 25b,
the periodic image contrast exactly on the mirror plane of the (110)[001] boundary, suggesting the
formation of an array of dislocations at the boundary. The dislocation core structures are expected to
be observed at edge-on condition. It can be thus said that the two crystals are well bonded with no
secondary-phase layers, amorphous layers, contaminants, or transitional areas at the boundary region.
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bulk as a reference (figure 27). It is clearly shown that Ti-L2,3 EELS spectrum in the region away from 
the dislocation core (close to the bulk) mainly consists of four peaks (i.e., two doublets), where one 
doublet at lower energy loss comprises the Ti-L3 edge, whereas the other at the higher energy loss Ti-
L2 edge shows the characteristic of having a valence state of +4 for the Ti atoms away from the core 
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Figure 25. (a) Selected-area diffraction pattern (SADP) taken from the boundary area. An overall
symmetry is seen in the pattern, indicating a perfect joining of the two single crystals;
(b) Low-magnification ADF STEM image of the boundary in the bicrystal, suggesting the formation of
a tperiodic array of dislocations at the boundary with 3.4 nm separation [32].
Figure 26a shows HAADF STEM image of a typical dislocation projected along the [110] direction.
Considering the contrast and the crystal structure, the brightest spots represent Ti–O mixed columns,
which unravel an almost symmetric core geometry for the edge dislocation of TiO2. It was found that
all of the dislocations showed the identical core configuration. The core region is slightly darkened
owing to the strain associated with the dislocation. In addition, the considerably lighter O atoms are
not scattered strongly enough to be visualized. As mentioned in the previous section, ABF STEM
imaging technique has an advantage to directly observe light atoms. Figure 26b shows ABF STEM
image of the same area of Figure 26a, where only the Ti–O mixed column and the pure Ti column are
observed from this projective direction.
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Figure 26. (a) Atomic-resolution H ADF STEM image of the dislocation viewed from the [110]
direction, and (b) the corresponding ABF STEM image obtained simultaneously with the HAADF
STEM image [32].
In order to evaluate the electronic structures of a single dislocation, atomic resolution EELS
analyses were conducted for the Ti-L2,3 edge for the dislocation core region together with that of the
bulk as a reference (figure 27). It is clearly shown that Ti-L2,3 EELS spectrum in the region away from
the dislocation core (close to the bulk) mainly consists of four peaks (i.e., two doublets), where one
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doublet at lower energy loss comprises the Ti-L3 edge, whereas the other at the higher energy loss Ti-L2
edge shows the characteristic of having a valence state of +4 for the Ti atoms away from the core [195].
In contrast, the Ti-L2,3 EELS spectrum taken at the core area exhibits a broader profile (marked by
arrows in Figure 27), suggesting that they are of a mixed valence state of +3/+4 because the main
difference in the Ti-L2,3 EELS spectrum between Ti4+ and Ti3+ rests with the broadening of the t2g
peaks in each doublet. We further conducted EELS measurements over a broad energy span and found
that only the signatures of Ti-L2,3 and O-K edges are detected both at the core and in bulk, providing
evidence that a substantial segregation of impurity to the core can be ruled out, i.e., the dislocation
core is impurity free. Such a shift in electronic states indicates the formation of a conducting channel at
an individual dislocation and points to the existence of novel impacts associated with the impurity-free
dislocations of TiO2 [32].
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Figure 27. The Ti-L2,3 edge EELS profiles obtained from the dislocation core and in the bulk region
(i.e., away from the core). The region used to represent the TiO2 bulk is 10 nm far from the exact
dislocation core [32].
5.3.3. Hierarchical Distribution of Dislocations in the Surface Layer of SrTiO3
The TEM investigations on the distribution of the dislocations in the surface region of SrTiO3
crystal (as received) show a progressive lowering of the dislocations density (Figure 28) going from
the surface towards the interior [10]. Depending on the polishing procedure the density can vary
from 4 × 109 – 6 × 109 (for the epi-ready polished surface [10,68]) to 1012 for the rough surface [42].
Such tendency in the distribution of the dislocations in the surface region (thickness of about few
dozen µm) allows to analyze this system in terms of a hierarchical network, which fulfills the criterion
that the sum of the Burgers vector of the dislocations in each of the nodes is zero. On the basis of the
depth dependence of the density of dislocations a schematic view of the mentioned network has been
created [68]. Strong reduction of the density of dislocations in the upper part of the network forces
that the dislocations near the surface should be very short (only a few nm) while the length of the
dislocations line between deeper nodes becomes successively longer. Jin et al. [42] showed that the
dislocations in surface region exist not only as individual dislocations, but that these dislocations have
a tendency to create a pair or agglomerate in form of bundles.
Crystals 2018, 8, 241 27 of 77
Catalysts 2018, 8, x FOR PEER REVIEW  27 of 76 
 
 
Figure 28. Hierarchical distribution of dislocations in the surface region (thickness ~30 μm) of SrTiO3 
crystal (a,b) (TEM photography). The density of dislocations has been reduced from 6 × 109/cm2 (c) to 
~108/cm2 in the deeper part of the surface region (c). Adapted from [10]. 
5.4. Electron Channeling Contrast Imaging (ECCI)  
Electron channeling contrast imaging (ECCI) combines the classical scanning electron 
microscopy (SEM) with the simultaneous analysis of backscattered electrons. This technique can be 
used for the investigation of extended defects such as dislocations or stacking faults, in crystalline 
samples or in polycrystalline materials (only for single grains). In principle, the penetration depth of 
this method is limited by the escape depth of backscattered electrons. The interaction of the electron 
beam can be described in terms of the standing electron-density waves which are formed in the 
matrix of the electron-irradiated crystal. The intensity of the backscattered electrons is influenced by 
the position of the nuclei in the lattice and the orientation of the lattice relatively to the primary beam. 
The minimum of the backscattering can be observed for the orientation between beam and lattice 
plane when the Bragg conditions are fulfilled. That means that similar than for TEM techniques for 
the identification of the dislocations the classical invisibility criterion namely (g·b = 0) can be used 
[196–199]. In other cases, the electron can be channeled in deeper parts of the crystal without strong 
interaction with the matrix. For extended defects the channeling of electrons into the interior of the 
crystal is strongly reduced; therefore, the backscattered electrons are carriers of information about 
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Figure 28. Hierarchical distribution of dislocations in the surface region (thickness ~30 µm) of SrTiO3
crystal (a,b) (TEM photography). The density of dislocations has been reduced from 6 × 109/cm2 (c) to
~108/cm2 in the deeper part of the surface region (c). Adapted from [10].
5.4. Electron Channeling Contrast Imaging (ECCI)
Electron channeling contrast imaging (ECCI) combines the classical scanning electron microscopy
(SEM) with the simultaneous analysis of backscattered electrons. This technique can be used for the
investigation of extended defects such as dislocations or stacking faults, in crystalline samples or in
polycrystalline materials (only for single grains). In principle, the penetration depth of this method
is limited by the escape depth of backscattered electrons. The interaction of the electron beam can
be described in terms of the standing electron-density waves which are formed in the matrix of the
electron-irradiated crystal. The intensity of the backscattered electrons is influenced by the position of
the nuclei in the lattice and the orientation of the lattice relatively to the primary beam. The minimum
of the backscattering can be observed for the orientation between beam and lattice plane when the
Bragg conditions are fulfilled. That means that similar than for TEM techniques for the identification
of the dislocations the classical invisibility criterion namely (g·b = 0) can be used [196–199]. In other
cases, the electron can be channeled in deeper parts of the crystal without strong interaction with the
matrix. For extended defects the channeling of electrons into the interior of the crystal is strongly
reduced; therefore, the backscattered electrons are carriers of information about the position of the
defects and their type (Figure 29).
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Figure 29. Image of the dislocations of pre-etched SrTiO3 crystal (SEM photography (b)) using
channeling contrast imaging (ECCI photography (a)) shows a correlation (marked by dashed line)
between the position of the etch pits and the electronic contrast. Adapted from [200], for the details
please see entioned reference.
5.5. Electron Holography
In electron holography, the complex wave function (that means the amplitude and the phase)
of fast electrons which are transmitted through a thin foil during TEM investigation is analyzed [92].
Because it is impossible to detect the phase of the electron wave function directly, since it can be
modified by local electrostatic and magnetic fields, two indirect techniques for the reconstruction of
the phase modulation are used namely the off-axis and the inline method. In the off-axis method,
the electron beam is split by an electron bi-prism into one part traveling through the specimen and
one part passing through vacuum which are then brought to interference. In inline holography,
the specimen is placed in the divergent electron beam such that only one part of the beam interacts
with the object and an interference with the undistorted part of the same beam occurs. In both cases,
the phase then can be calculated from the recorded interference pattern [201].
Because this technique has a very high lateral resolution, it can be used for the study of the local
potential distribution especially in the interface [90–93]. The prime example for the application of this
technique is the analysis of the potential change close to the small boundary in SrTiO3 crystals with and
without doping. It is surprising that the thickness of the barrier is only 1–2 nm (without influence of
the doping) (Figure 30). The potential drop is about 0.45 V for the barrier in the Nb doped bicrystal and
−0.6 V for the barrier in the undoped crystal [92]. This barrier can be annihilated using appropriate
polarization (perpendicular to the barrier) probably via local breakdown. Notice, such a change of the
potential (+0.45 V or −0.6 V) on the small distances of just 2 nm actually creates a local electrical field
of the order of 106 V/cm, high enough for a cold emission of electronic carriers according to literature.
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5.6. AFM STM Study on Dislocations in TiO2 and SrTiO3 Crystals with Atomic Resolution
SPM techniques allow studying the surface with atomic resolution [66, 7]. Thes very sensitive
techniques can be used for a precise analysis of the orde ing of atoms close to the exit of dislocations in
the plane of the surface. The lion’s share of AFM r ST studies with atomic resolution was obtained
on surfaces which have been prepared via sputtering and subsequent thermal tr atment. The STM or
AFM pictures from such surfaces show a perfect rec nstruction of the urface on the nanoscale and
only a few numbers of point defect . Here it is worth empha izing that there only very f w AFM or
STM measurements of dislocations exist in the literature with the highest resolution available [68,120].
Figur 31 presents the distributions of the atoms close to the cores of two partial dislocations.
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6. Calculations of the Electronic Structure and Molecular Atomic Modelling of the Cores of
Dislocations in TiO2 or SrTiO3 Crystals
6.1. DFT Calculation and Atomic Simulations
We have discussed above that in edge dislocations planes or half-planes terminate inside the
perfect crystal lattice. In metallic systems, where the valence electron density is free-electron like,
such extended defect will not drastically modify the electronic properties of the system while,
of course, the mechanical properties will be affected. In the insulating oxide, where covalent or
ionic bonding dominates, a terminated plane will necessarily exhibit dangling bonds or, if possible,
a local reconstruction of the lattice with modified electronic properties.
To understand the basic mechanisms that appear when a defect is introduced in a crystal like
SrTiO3 or TiO2, it is useful to look at point defects first. Density functional theory (DFT) [202]
is a widely-used tool to study the electronic rearrangements in these materials, but care has to be
taken when dealing with defects in oxides. Early calculations by Shanthi and Sarma [203] indicated
that oxygen deficient SrTiO3 is in a metallic state as the defect levels overlap with the bottom of
the conduction band of the oxide. This is caused by the underestimation of the band gap of most
materials in DFT and later calculations using hybrid functionals found that these defect states are
narrow and about 0.8 eV below the conduction band, as expected [204]. The situation is similar in TiO2
where oxygen vacancies (VO) create defect levels at an energy of 0.5 to 0.9 eV below the conduction
band edge [205].
Using DFT it is also possible to calculate formation energies of single defects and these studies have
been performed on different levels of the theory [206,207]. One has to keep in mind that the creation of
a VO by removing 1⁄2 O2 leaves behind two electrons that localize on neighboring Ti atoms. In SrTiO3
these electrons occupy dz2-type orbitals oriented in the Ti-VO-Ti axis. It is well known that in 3d atoms
in d1 configuration strong Coulomb interaction plays an important role and the occupancy of the levels
(and their conducting properties) are determined by correlation effects [208]. Therefore, often the
so-called DFT + U method is used, that incorporates additional correlation effects in an approximate
scheme [209]. The dominance of localized, directed orbitals also affects the vacancy-vacancy interaction
in these oxides. It is, therefore, not surprising that in some of these calculations a tendency of clustering
of defects has been observed, both for SrTiO3 [210] and for TiO2 [211]. If a Ti atom is surrounded by
two oxygen vacancies, e.g., in a Ti-VO-Ti-VO-Ti configuration, the middle atom is in d2 configuration
and the second electron can occupy the conduction band of the oxide [210]. This induces a complex
interplay between defect arrangement, charge state, and electronic properties.
In an extended defect, e.g., when a full plane of SrO is removed from SrTiO3, the resulting structure
resembles an interface between two TiO2-terminated surfaces. At this interface, it is energetically
favorable to displace the two sides by an 1⁄2 [010] translation. Such arrangements have been found in
HAADF-STEM images of in low-angle tilt grain boundaries [74] discussed above.
In the same manner it is possible to remove a full TiO2 plane from the perovskite lattice
and displace by an 1⁄2 [110] translation to arrange the SrO layers in a rocksalt like structure.
Such SrO-SrO arrangements form under Sr rich conditions in a periodic arrangement giving rise to
Ruddlesden-Popper (RP) phases. DFT calculations predict that these extra SrO layers are energetically
easy to incorporate and do not affect the electronic properties of SrTiO3 significantly [212].
The situation is more complex if a half-plane (or, as in some calculations a one-dimensional
ribbon) of SrO is removed from SrTiO3. In general, the electronic structure will depend on the
boundary conditions of the removed part: if a ribbon is removed that is on one side oxygen- on the
other strontium-terminated (Figure 32) the charge neutrality is retained; no defect states are created
and only a reduction of the band-gap due to “internal surface-states” at the defect site is obtained.
Due to the non-vanishing dipole moment of the removed part of the crystal, strong local distortions of
the lattice accompany the defect. If the removed ribbon is Sr-terminated at both edges, defect states
appear in the gap, again d electrons localized on the Ti atoms at the edges, that can form conduction
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channels [55]. In a more realistic model of the dislocation core [39] there will be more effects to consider,
e.g., an off-stoichiometry around the defect and long-range relaxations that are difficult to model
in general.
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Figure 32. Ab initio calculations of the electronic structure of an extended SrO defect in SrTiO3.
(a) The density of states (DOS) shows a reduction of the band gap due to states near the defect.
Occupied O states are shown in blue, unoccupied Ti states in red isosurfaces. Yellow, green and purple
spheres represent Ti, O, and Sr atoms, respectively; (b) An increase of the oxygen nonstoichiometry
leads to the generation of metallic state on the bottom of the conducting band. Reverse oxidation can
restore the electronic structure to the semiconducting situation (blue arrow).
It was already mentioned that in TiO2 oxygen vacancies have a tendency to form linear
arrangements [211]. In this arrangement, the Fermi level cuts the conduction band formed by Ti
d states. Calculations show that the associated charge density decays exponentially with distance from
the linear defect and is reduced by four orders of magnitude within a nanometer [48]. This behavior is
in line with LC-AFM measurements of electrically active channels on a TiO2 surface. Also, other larger
one-dimensional defect arrangements that show oxygen deficiencies have conductive states confined
within a few nanometers.
Although several DFT studies were concerned with the structure and defect energetics of grain
boundaries and dislocation cores, not much is reported on the electronic structure in these defects.
Recent work on bicrystalline boundaries in SrTiO3 and TiO2 confirmed good agreement between the
structures obtained in DFT calculations and observed in HAADF-STEM measurements. Calculations
of the dislocation core as shown in Figure 1 show that the local inherent non-stoichiometry gives rise
to spin-polarized states at the Fermi level that lead to a mixed +3/+4 valence state of the Ti atoms
in the core [32]. Again, these states are rather confined (see Figure 33) and can serve as localized
conduction channel.
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Figure 33. Charge density distribution at the edge dislocation in TiO2 with b = 1⁄4 [001] viewed from
the [110] projection. From the (grey) isosurfaces it can be seen that the charge induced by the local
non-stoichiometry remains rather localized around the core. Adapted from [32].
Although the exact structure and electronic configuration at these extended defects is hard to
capture (and probably in reality quite diverse) there are certain features that can be predicted by DFT
calculations: Whenever electrons are localized in defect levels at the edges of dislocations or they
will form states that are confined within a few nm around the defect. This behavior is very similar
to the one observed in charged domain walls in perovskites, e.g., Pb(Ti,Zr)O3, where the structural
distortions around the longitudinal domain wall are limited to a few unit cells [213]. Also in this case
DFT + U calculations have shown that correlation effects have the tendency to localize Ti d electrons
ensuring a rather sharp domain wall [214]. At least when 3d transition metal states are involved in the
formation of the conduction band, this localization seems to be a general trend in oxides. Also at the
(001) interface of LaAlO3 with SrTiO3 it was reported that the two-dimensional electron gas formed
there is confined within a few nanometers [215].
6.2. Molecular Atomic Simulation
In recent years, atomistic simulations have become a versatile tool for the investigation
of dislocations in SrTiO3 thanks to the enhanced computational power and the availability of
supercomputers to the research community and a variety of simulations of the influence of dislocations
on the structural behavior as well as on the ionic transport has been performed. In molecular
dynamics simulations, the forces between the atoms within the simulation cell are calculated and
the resulting positions of the atoms are determined in an iterative process. Using indentation in
combination with etch-pit analysis the structure and evolution of dislocations under external loads
were investigated and corresponding molecular dynamics simulations were conducted showing that
the evolution of dislocations as consequence of a mechanical stress is strongly influenced by preexisting
dislocations [113]. When a (001) oriented SrTiO3 crystal is plastically deformed by indentation, at first
dislocation pile-ups are aligned in <100> directions while at higher loads an orientation in <110>
directions is preferred revealing that the evolution and arrangement of the network of dislocations
is related to a glide plane mechanism determined by the crystal structure. The simulations indicate
that within the glide plane the dislocations tend to dissociate in two partial dislocations with distances
of 4-5 nm separated by a strongly distorted antiphase boundary stacking fault [216]. The gliding of
dislocations is also strongly temperature-dependent since it was calculated that at high temperatures
the dislocations lose their mobility leading to brittle behavior of the crystal [105]. By employing
a concurrent atomistic continuum simulation Yang et al. [95] also confirmed the importance of easy
glide planes in SrTiO3 resulting in a preference of the <110> directions for dislocation nucleation and
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revealed that the presence of an agglomeration of dislocations in form of bicrystalline boundaries in
SrTiO3 has a significant effect on the mechanical properties and the crack evolution [97]. Bicrystals
have also been widely investigated in order to determine whether dislocations have an impact on
the ionic transport of oxygen [45] or not [17]. By molecular dynamics simulations of dislocations it
was found that the formation enthalpy of oxygen vacancies is significantly lower compared to the
bulk [31]. Hence, in a non-equilibrium situation as is typically present during vacuum annealing,
the dislocations will be reduced at first, accompanied by a local insulator-metal-transition resulting in
the evolution of a network of conducting nanowires within a less-conductive matrix. On the other hand,
it was calculated that in thermodynamic equilibrium the self-diffusion (tracer diffusion) of vacancies
along the dislocation is suppressed [30] and Marrocchelli et al. [31] concluded that dislocations are
“easy to reduce but not so fast for oxygen transport”.
7. Electrical Properties of the Dislocations in TiO2 and SrTiO3
The crystallographic and electronic structure as well as the chemical composition of the core of
dislocations in SrTiO3 and TiO2, as presented in subchapters 5.3.1 and 5.3.2, disclose the fundamentally
different physical properties of these objects in the matrix of the two band insulators of our review.
In contrast to dislocations in a metal, which show only small modifications in the electronic structure
and can be regarded as neutral relative to the rest of the matrix from the electrical point of
view (in the matrix we have a free electron gas), the electrical neutrality of non-metallic ionic or
ionic-covalent oxides is not given. Before detailed microscopic data with atomic resolution were
available, models about the electrical properties of the crystals with dislocations and especially the
screening along dislocations (e.g., polycrystalline boundary) were proposed, for instance on the basis of
impedance spectroscopy measurements or the analysis of electrical transport phenomena [30,217–219].
Already back in 1978, it was reported that the dislocations in the paraelectric phase of BaTiO3 single
crystals are responsible for “an increased mobility of charge carriers” [220]. The high potential of
ceramics on the basis of the transition metal oxides, such as BTO, PZT, BST, for applications in
microelectronics has aroused great interest in the understanding of the influence of the polycrystalline
boundary (especially the small angle boundary, which was associated in the literature with an array
of dislocations with distribution in equidistance along the boundary line) on the global dielectric
answer of the ceramic capacitor. Early models about the special role of the boundary in the ceramic
materials or artificial bicrystalline boundaries, which have been obtained on the basis of the dielectric
spectroscopic studies, have put in the foreground the screening phenomena close to the boundary
(with dislocations). In their spirit, these models were a kind of direct adaptation of the space charge
model known from semiconductor physics. It should be accepted that, on the basis of the data from
impedance spectroscopy measurements of crystals with dislocations and ceramic grain boundaries,
these models were a plausible and valuable approach for the description of the neutralization process
of the surplus charge in the core of dislocations which can, e.g., agglomerate along a small angle and
high angle crystalline boundary. Thanks to the knowledge from EELS spectroscopy about the local
valence of the transition metal ions along the core of edge dislocations in TiO2 and SrTiO3 (see above),
the existence of a high concentration of Ti3+ or Ti2+ ions in the core of edge dislocations became evident
in both materials, and new data from the electron-holographic investigations, considering the charging
of the core of dislocations (e.g.,: [11,12,30,40]), started a broad discussion about how the “impedance
spectroscopic” description and the “atomic” models (which are directly extracted from TEM-based
techniques) could be correlated. The best illustration of the discrepancies encountered for these two
perspectives was presented in the paper by Alfthan et al. [92]. The authors proofed, on the one
hand, the validity of the classical space charge model by impedance spectroscopy measurements
but demonstrated, on the other hand, by use of electron holographic measurements that the core
of dislocations has an opposite polarity (here a negative charging of the core of the dislocations)
relatively to the mentioned impedance models. However, the discrepancy in this work was connected
with an estimation of the spreading of the potential profile (from impedance studies) of about 30 nm
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(at the grain boundary; here the bicrystalline boundary) with respect to a direct measurement of the
dimension of the potential profile of the negatively charged core of single dislocation (by electron
holography) resulting in ~2 nm. Note: such holographic results could be considered as a direct
projection of the potential distribution in the core of dislocations (~2 nm) [221]. The difference in
the extension of the space charge zone presented by Alfthan et al. [91] is here just 2 nm to 30 nm,
but measurements of the surface potential distribution, which have been obtained for a similar system
(here bicrystalline SrTiO3) using non-contact KPM by Kalinin et al. [94], even indicated that the
dimension of the space charge region may be as large as 1.5 µm.
Instead of discussing how the electrical properties of isolated dislocations and their contribution
can be “extracted” from the global electric or “dielectric answer” in a real crystal, we should focus our
attention at this point of our review on the possibility of investigating individual dislocations under
different electrical or mechanical stress.
If we accept that the core of dislocations possesses the typical characteristics of low titanium
oxides (including a high concentration of d1 or d2 delocalized electrons) and that the Burgers vector
of dislocations is invariant (i.e., dislocations cannot simply end within the crystal but only on the
outer or an inner surface or by crossing another dislocation) we should observe an inhomogeneity in
the distribution of the electrical conductivity in plane of the surface using modern LCAFM studies.
The advantage of the LCAFM technique is connected with the very small contact area between the apex
of the conducting tip of the cantilever and the investigated surface, which in fact determines 90% of the
potential drop and thereby contributes in similar scale to the spreading resistance. The real mechanical
contact area of the tip and the galvanic contact area are not the same, which can be simply proofed
using Fowler-Nordheim tunneling through very thin SiO2 films [222]. It is surprising that for the tip
with typical radius 10 nm the electrical contact can be reduced to only ~1 nm2. Therefore, it is possible
to analyze using LCAFM the map of the electrical conductivity with atomic resolution. Notice: for the
correctly prepared surface (after removal of the physisorbates and chemisorbates) of a homogenously
conducting material the uniformity of the electrical conductivity is indeed measureable by LCAFM in
the plane of the scanned surface (e.g., Au thin films [223]). Other test measurements, here of highly
oriented pyrolytic graphite HOPG, reveal small but regular modulations of conductivity on an atomic
scale related to its crystallographic structure. Turning to the analysis of the electrical conductivity of
the oxides (here band insulators) on the nano-scale poses a further challenge, in that measurements
have to be conducted at extremal low values of currents down to 10−12–10−15 A. Facilitating such
measurements at ultra-low conductivity does require a very sensitive LCAFM current-to-voltage
converter (with reduced parasitic capacity in feedback of the I/V converter [224]), see Figure 34).
Spatial variations of the electrical conductivity of stoichiometric crystalline oxides have been
observed by LCAFM on the surface of a number of binary and ternary band insulators. This includes
our oxides of choice in this review: TiO2 [48,53], SrTiO3 crystals [50,51,55,68,225,226], and doped
SrTiO3 such as Nb:SrTiO3 [227], La:SrTiO3 [228], Fe:SrTiO3 [58], as well as related oxides such as
BaTiO3 [229,230], PbZrO3 [231], KTaO3 [232], NaNbO3 [233,234], and BiFeO3 [235]. Similar effects have
also been observed for thin films, see, e.g., TiO2 [236], SrTiO3, Fe:SrTiO3 [225,237–239], BaTiO3 [230,240],
HfO2 [241–244], and NiO [245]. Here, examples of the current (resistance) mapping of SrTiO3 and TiO2
are given in Figures 35 and 36, respectively. It should also be noticed that TEM images of SrTiO3:Nb
give a rather homogeneous picture of the samples [246], while LCAFM measurements indicate spatial
fluctuations of the conductivity at the surface [227].
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Of course, the observation of a local variation of the current by LCAFM studies in the surface
plane of the stoichiometric crystals does not necessarily imply that the dislocations play an important
role in the electrical transport. Although the measurements were obtained under vacuum condition
and after thermal desorption of water (at 250 ◦C), one should take into account that the rest of the
physisorbates or chemisorbates can still exert an influence on the local potential distribution and may
automatically modify the local conductivity [230]. A clear evidence for the role of dislocations stems
from LCAFM analysis of regions with high concentration of dislocations which have been artificially
induced, for example, along steps in a plastically deformed crystal (Figure 37) or at a bicrystalline
boundary (Figure 38). Here, the current (or resistance) maps show unequivocally a correlation between
the position of conducting filaments and the locations of dislocations. From these data, one can extract
that the electrical conductivity of the dislocations for stoichiometric SrTiO3 and TiO2 is at least of 2–3
order of magnitude higher than the conductivity of the matrix. However, it is not possible to precisely
determine the actual electrical resistance of the matrix due to the finite current sensitivity of the I/V
converter in use (see Figures 35, 37 and 38). Therefore, one can only state at this point that the local
resistance is higher than 1 PΩ (Peta Ohm).
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Figure 38. AFM topography (a) and LCAFM conducting map (b) of the region close to the bicrystalline
boundary (36.8◦) of stoichiometric SrTiO3 (100). Cross section (c) shows a drastic variation of the local
conductivity in a broad region perpendicular to the bicrystalline boundary. Notice: Measurement was
obtained under HV conditions and elevated temperature. These conditions provided desorption of
water molecules.
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An additional thermal reduction of the crystal enhances the concentration of the oxygen
vacancies [48,50,51,53,55,68,222,225,226] along the dislocations, which in turn leads to a further local
increase of the electrical conductivity (with dominance of the electronic conductivity). In contrast
to the electrical conductivity of dislocations in stoichiometric crystals, LCAFM studies of reduced
crystal do indeed show an enhancement of the conductivity of the core of dislocations relative to
the surrounding matrix, leading now to values higher than 3–6 orders of magnitude with respect
to the background (here notice also from an experimental point of view that the dynamic of the
LCAFM measurements can be increased by a parallel investigation of the regions between dislocations
using a higher sensitivity of the I/V converter). This gives an added opportunity to correlate the
position of the conducting filaments and the core of dislocations by LCAFM investigations for reduced
SrTiO3 [51], reduced bi-crystalline SrTiO3 and TiO2 crystals [48]. For this, pre-etched crystals were
investigated after thermal reduction under vacuum conditions, showing that the position of filaments
is localized at the center of etch pits which mark the position where the dislocation line crosses the
surface (Figures 39–41).
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Figure 39. Topography of a slightly reduced TiO2 crystal with beforehand etched surface (left).
The characteristic etch pits and the map of the electrical conductivity (right) show correlation between
the position of the etch pits and the exits of the conducting filaments. Notice the contour of the etch
pits is not sharply defined due to the smoothing effect induced via thermal segregations of materials in
the plane of the surface, adapted from [48].
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Figure 40. The position of etch pits determined by AFM topography and the coinciding position of
filaments with nhanced conductiv ty (by LCAFM) shown in the surface l yer of the (100) face of
a reduced SrTiO3 crystal. The SrTiO3 has been extensively etched and subsequently annealed at 1023 K
for 30 min at pO2 = 10−9 mbar (adapted from [51]).
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Figure 41. AFM (a) and LCAFM (b) investig s of the reduced and pre-etch d SrTiO3 bicrystal
shows correlations between positions of the etch pits (along the boundary) and bands of the conducting
filaments. This finding in fact confirms the hypothesis about easy reductions of the core of dislocations.
Cross-section (c), obtained perpendicular to the boundary, presents that the broad conducting channels
are accumulated along the boundary.
So far, LCAFM was only used to map the electrical conductivity of the surface. In order to analyze
the electrical conductivity below the surface in an out-of-plane direction, one can additionally cleave
th crystals to obtain cross-s ctional LCAFM m ps.
The fold-up maps of the conductivity in-plane and out-of-plane indicate that a 3D network of
filaments exists whose structure is a hierarchical network with high density of the extended defects
very close to the surface and a declining concentration of defects in deeper parts of the surface
region. A prominent example of such a hierarchical structure with locally enhanced conductivity
is presented for a TiO2 single crystal (see Figure 42) which was subjected to a thermal reduction
stron enough to establish a pronounced, well-structured etwork of filam t (here, p o ably due to
a chemical restructuring of the dislocation cores) [48]. We have found a similar density distribution of
filaments in the surface region of reduced SrTiO3 crystals (see Figure 43) with a high concentration
of well-conducting filaments near the surface and a decline of the density towards the interior of the
reduced crystal. Notice: to avoid the interaction with rest gases cleaving of the crystals was undertaken
in situ under very low oxygen partial pressure (here 10 mbar of H2).
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All our results indicate that the hierarchical structure of conducting filaments (Figures 42 and 43)
shows similarities to the distribution of the density of dislocations as obtained from electron microscopy
(see [10,42]). We are aware that we have generated new populations of dislocations during cleaving
our samples for the LCAFM studies of the out-of-plane distribution of conducting filaments in reduced
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SrTiO3 or TiO2. However, their conductivity is equivalent to the very low conductivity of dislocations
in the crystals without additional reduction. This in turn implies that the “electrical traces” of such
mechanically created, new dislocations are invisible for the typical dynamical range of LCAFM
measurements for reduced crystals (with current resolution of 4 orders of magnitude). It is important
to emphasize that the “electrical trace” of the hierarchical structure in the surface region does not
show a noticeable influence of the cleaving conditions for both reduced materials (in situ under
vacuum or in H2, as well as ex situ). The most important effect is the preferential reduction of the
core of dislocations [31], and “cylindrical distribution of oxygen vacancies around dislocation lines
in the crystal” [247]. For a such cylindrical Cottrell atmosphere (with a typical radius between 1 to
10 nm) we can estimate (after determination of the total concentration of the removed oxygen during
reduction; see Figure 44) the local concentration of d1 electrons of strongly reduced SrTiO3 and TiO2
crystals be in the order of 1020–1022 /cm3 (see, e.g., [45]). Notice: the EELS measurement of the core
of dislocations for stoichiometric crystal shows that the original concentration of d electrons is a few
percent, which is in fact very high close to the metallic limit [39,40,94]. Thus, the enormous additional
doping by reduction (or preferential self-doping induced by removing of oxygen from the core of
dislocations) is in our opinion connected with a delocalization of the high concentration of d1 electrons
along such extended defects in a pre-existing network (caused by the invariance of the Burgers vectors)
and could be made responsible for the insulator-to-metal transition in reduced SrTiO3 [55] and TiO2
crystals [53]. Notice: we have already mentioned above that Buban et al. [40] have clearly presented,
using EELS measurement, that the dislocations in SrTiO3 can be associated with TiO nanowires and
R. Sun et al. [32] have made a similar statement about the role of the core of dislocations in TiO2 as
conducting nano-wires. The insulator-to-metal transition is a long-standing problem in the literature
and is often associated with the famous Mott criterion [248] which connects the stability of the metallic
state with the carrier concentration (n) and the effective Bohr radius (aH) of an electron-hole pair,
where aH = ε}m∗e2 (Equation (1)). The critical concentration of the carriers can be calculated from
the formula n1/3 × aH = 0.2 (0.254) (Equation (2)). The Mott criterion is not only valid for doped
semiconductors but also for transition metal oxides. Cox in his book [203] has pointed out that the
critical concentration of the electrons for the insulator-to-metal transition in SrTiO3 crystal should
be of order of 4.1 × 1018 cm3 (the calculations were obtained using Equation (1), for ε = 300 (at RT),
and m* = 10 m0 (see, e.g., [249]) as well as the collection of data in [250]). In the meantime, an upper
bound of the critical concentration was even estimated to be as low as 1016/cm3 based on electrical
measurements [251]. If we neglect for the time being the idea that the d1 electrons are selectively
agglomerated along dislocation lines and are responsible for the local insulator-to-metal transition
and postulate instead that the oxygen vacancies are distributed statistically in the reduced crystal
we can calculate an effective Bohr radius aH for the electron carriers. Using in our case 1015/cm3
as obtained from the above-mentioned effusion measurements, we can determine the Bohr radius
according to Equation (2) to be around 26 nm. Since the Bohr radius is connected with the dielectric
constant and the effective mass via Equation (1), we can then estimate using these numbers that the
dielectric constant has to be ε = 4000 when the effective mass, as specified in literature, is ~10 m0
(a maximal value). However, this overestimates the dielectric constant of SrTiO3 at RT by one order
of magnitude. On the other hand, Spinelli et al. [251] estimated values for aH of 200 nm at RT and as
large as 10 µm for low temperatures, where ε is enhanced by two orders of magnitude. To cope with
the very low value of the carrier concentration limit in the case of the classical interpretation of the
insulator-to-metal transition for SrTiO3 other authors have suggested resolving the contradiction by
applying, e.g., the Mott–Ioffe–Regel (MIR) limit [252]. This model can be used when the mean-free-path
of a carrier falls below its Fermi wavelength or the length is smaller than the lattice constant (interatomic
distance). Thus, in the literature values of aH ranging from 1 nm [253] to several micrometers can
be found.
This brings us back to the dislocations and their role for an understanding of the nanoscopic
nature of insulator-to-metal transition. Maybe a simple experiment provides convincing arguments for
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the important role of the dislocations by considering two pieces from the same substrate with different
density of dislocations and exposing them simultaneously to the same reduction conditions. For this,
we used one piece with a high concentration of dislocations, here around 1012/cm2 in the surface region,
which was generated by mechanical polishing, and another piece with the original epi-polished surface
(here the concentration of dislocations is of order 1010/cm2). These two samples were simultaneously
reduced to the minimum of the resistance of the bathtub curve (see, e.g., [45,226]) and subsequently
cooled down to room temperature. Under these conditions, the electrical measurements revealed that
the temperature dependence of the resistance for the crystal with high concentration of dislocations
is typical for a metallic behavior while it exhibits only semiconducting behavior in the case of the
epi-polished crystal (see Figure 45). This does not necessarily imply that individual dislocations in
the latter (semiconducting) case may not turn metallic in character but their contribution is simply
not sufficient to produce an overall (macroscopic) metallic behavior. It should be noted that the
probability of a bundling of dislocations is higher for crystals with high density than for the crystal
with low density of dislocations (see, e.g., above in the case of bicrystalline boundaries in Figures 37,
38 and 41). As an effect, such bundles may result in a higher degree of oxygen nonstoichiometry and
may, therefore, be more easily transformed to become metallic in character. The simple experiment
is also a fine illustration that further systematic and quantitative studies are necessary to compare
nanoscopic and macroscopic measurements and to take the inhomogeneity of the crystalline material
and the surface region into account.
A further support for the notion of the inhomogeneity of the electrical conductivity in SrTiO3
crystals and the important contribution from the core of dislocations stems from Electron Beam
Induced Current (EBIC) studies on reduced SrTiO3 crystals. Using appropriate Schottky contacts
(in this case, a thin Pt electrode becomes deposited on the surface of reduced SrTiO3 crystal [241,242])
the contributions of different locations in the surface region (i.e., below the contact) for recombination
processes of the incident electron beam can be analyzed. Measurement of the current at the bottom
electrode synchronously to the scanning position of the incident electron (SEM) beam gives then the
planar distribution of electronically active defects in the form of a current contrast. The EBIC maps for
a reduced SrTiO3 crystal with a Pt/Schottky contact reveals an orthogonal arrangement of dislocations
and two kinds of reactions to the electron irradiation (Figure 46). On the one hand, linear objects with
reduced contrast (it corresponds probably to the electron interaction with dislocations with lower
conductivity than the rest of the matrix) can be observed. On the other hand, dislocations with higher
conductivity than the rest of the crystal can be identified by a higher EBIC contrast. This result is not
surprising considering that two types of dislocations (Sr-rich and Ti-rich) exist in stoichiometric and
reduced SrTiO3. The local electronic and crystallographic structure of these types of dislocation does
indeed show dramatic differences. Similar EBIC investigation of the contact Pt/Nb:SrTiO3 (with Nb
concentration of 0.01 weight percent) demonstrates that, even in a system with metallic conductivity,
one can identify the bright contrast of a relatively high population of dislocations in the interface at
an appropriate voltage, here V < 5 kV [13]. This implies that dislocations in such a system may even
show an enhancement of the electrical activity though the surrounding crystalline structure is expected
to be metallic in character.
Crystals 2018, 8, 241 42 of 77
Catalysts 2018, 8, x FOR PEER REVIEW  42 of 76 
 
 
Figure 44. Measurement of the thermo-stimulated desorption of oxygen (obtained using mass 
spectrometry) during successive reduction of SrTiO3 crystal under UHV conditions (T = 600–1000 °C) 
shows that the total concentration of the oxygen molecules, which have left the crystal is smaller than 
1015/cm3. Notice: the apparatus was calibrated using controlled pump out under isobaric conditions 
(pconst. = 10−6 mbar) of the vessel with exactly defined concentration of oxygen particles. The calibration 
procedure was the same as has been used for effusion measurement in our previous paper [45]. 
The open question for LCAFM and EBIC investigations, here especially for donator doped 
crystals, is the influence of the surface layer. On the one hand, we know that the bulk of the Nb:SrTiO3 
crystals possess a homogenous distribution of aliovalent Nb ions and, without doubt, the dislocations 
play only a minor role for the global metallic conductivity of the matrix induced by such chemical 
doping, as presented by Rodenbücher et al. [246]. On the other hand, in situ and in operando 
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Figure 44. Measurement of the thermo-stimulated desorption of oxygen (obtained using mass
spectrometry) during successive reduction of SrTiO3 crystal under UHV conditions (T = 600–1000 ◦C)
shows that the total concentration of the oxygen molecules, which have left the crystal is smaller than
1015/cm3. Notice: the apparatus was calibrated using controlled pump out under isobaric conditions
(pconst. = 10−6 mbar) of the vessel with exactly defined concentration of oxygen particles. The calibration
procedure was the same as has been used for effusion measurement in our previous paper [45].
The open question for LCAFM and EBIC investigations, here especially for donator doped crystals,
is the influence of the surface layer. On the one hand, we know that the bulk of the Nb:SrTiO3 crystals
possess a homogenous distribution of aliovalent Nb ions and, without doubt, the dislocations play
only a minor role for the global metallic conductivity of the matrix induced by such chemical doping,
as presented by Rodenbücher et al. [246]. On the other hand, in situ and in operando investigations
using surface sensitive techniques of the surface layer of Nb:SrTiO3 [227] give evidence that the
stoichiometry of Ti and Sr can dramatically change and the typical so-called metallic pick at the bottom
of the conducting band actually disappears, which in turn “switches” the electrical properties of the
surface region to become semiconducting in character. Therefore, a higher electrical activity of the
dislocations can be observed in the surface region.
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Figure 46. Maps of the electronic beam induced contrast in the surface region between reduced 
SrTiO3−x and Pt thin films (~100 nm). Electron Beam Induced Current (EBIC) investigation was 
obtained with energy 10 keV. (a) was imaged immediately after fabrication; (b) after annealing the 
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Figure 45. The simultaneous reduction of two pieces (one with original epi-polished surface and one
with higher roughness, at T = 550 ◦C and vacuum −10−7 mbar) from the same SrTiO3 (100) crystal
under UHV conditions shows that the thermal dependence of electrical conductivity of the piece with
original epi-polished surface gives semiconducting behavior while in contrast the electrical resistance
of the piece of the crystal with the rough surfaces (generated via scratching) reveals the characteristics
of metallic conductivity. Note 1: mentioned mechanical preparation of the original (epi-polished
surface) leads to the increase of the concentration of dislocations from 4 × 109/cm2 to higher than
1012/cm2. Note 2: the thermal reduction of both samples was obtained for an optimal reduction time,
namely for the time which allowed reaching the minimum of the resistance curve (for more details
please see reference [68]).
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In essence, studies of the local conductivity of oxide surfaces, here summarized for the surface
layer of SrTiO3 and TiO2, show that the presence of dislocations can lead to modifications of the
electrical transport on the nano- and micro-scale. This effect could be connected with the frequently
observed inhomogeneity of the electrical surface properties of oxide materials.
8. Role of Dislocations in Resistive Switching of TiO2 and SrTiO3 Crystals
Easy and preferential reduction of the dislocations cores in oxides cannot only be induced by
thermal reduction at high temperatures and low oxygen partial pressures [45,51,55]. Another way to
switch dislocations in both materials from being semiconducting (corresponding with their original
state in the stoichiometric crystal) to become metallic filaments is possible using electrical polarization
with appropriate voltage and current. Although it was already presented in 1962 that under external
electrical stimuli the resistance of polycrystalline BaTiO3 can be reduced [254], only as recently as
1992 it was observed for KNbO3 that the resistance of single crystals can be easily increased by many
orders of magnitude up to metallic behavior by the application of a constant voltage or constant
current polarization [59]. As an effect, a dense set of filaments are being created between the position
of the geometrical position of the cathode and a progressing virtual cathode. As a result of the
electrical stimulus, the electrical conductivity of the whole crystal gets “switched” from insulating
to metallic or even superconducting behavior [4] (see Figures 47 and 48). Such transformation,
i.e., switching, of the macroscopic crystal into an object with metallic conductivity (see the typical
dependence of the resistance as a temperature function, Figure 47 or Figure 49), has been observed
for many crystals with perovskite structure (SrTiO3 [45,51,55,68,225,226,255], see also Figure 49),
Nb:SrTiO3 [227], Fe:SrTiO3 [58] (see also Figures 50 and 51), La:SrTiO3 [228,256], BaTiO3 [257],
KTaO3 [232], NaNbO3 [233,234], PbZrO3 [231], BiFeO3 [235], and binary crystals such as TiO2 [48,53]
(see also Figures 52 and 53). The electrically induced insulator-to-metal transformation is in its character
very similar to the above described thermal reduction process (see previous chapter). The dynamics of
the electrically induced change of the resistance for these ternary and binary crystals, relatively to the
resistance of the stoichiometric crystal at room temperature, is highly effective and can be as large as 6
to 11 orders of magnitude.
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Figure 47. Electroreduction of KNbO3 single crystal (a), by electrical polarization using a constant
current in the paraelectrical phase (T = 470 ◦C, vacuum)). Inset (b) shows the typical metallic
temperature dependence of the resistivity for the completely reduced sample. Adapted from [59].
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activation energy of 0.1 eV; and (3) after electroreduction at room temperatures under high-vacuum 
conditions in the constant-voltage mode (V-source set at ±100 V and the current flow, I var, limited to 
I = ±4 mA), restoring metallic conductance. (c), Evolution of current for the final electroreduction 
process (from step 2 to step 3) in a sandwich metal–insulator–metal structure. The current initially 
shows classical dielectric relaxation with non-regular fluctuations superimposed on it and suddenly jumps 
to a current above the set current limit Ilim, corresponding to the LRS with 800 Ω (adapted from [55]). 
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Figure 49. Insulator-to-metal t ansition and resistance switching in undop d SrTiO3 single crystals.
(a), Schematic of the reduction and electroreduction apparatus. (b), Measurements of the resistance
versus temperature (1) crystal after thermal treatment at elevated temperatures under reducing
conditions, indicating m tallic behavior; (2) after re-oxidation und r ambient conditions with
an activation energy of 0.1 eV; and (3) fter electroreduction at room temp ratures u der high-vacuum
conditions in the constant-voltage mode (V-source set at ±100 V and the current flow, I var,
limited to I = ±4 mA), restoring metallic conductance. (c), Evolution of current for the final
electroreduction process (from step 2 to step 3) in a sandwich metal–insulator–metal structure.
The current initially shows classical dielectric relaxation with non-regular fluctuations superimposed
on it and suddenly jumps to a current above the set current limit Ilim, corresponding to the LRS with
800 Ω (adapted from [55]).
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Figure 50. Potential difference change for region close to the anode, cathode and for the bulk during
electroreduction of Fe:SrTiO3 single crystal, by electrical polarization using constant voltage (a). Inset (b)
shows the increase of the current flow through the crystal. Adapted from [58].
Crystals 2018, 8, 241 46 of 77
Catalysts 2018, 8, x FOR PEER REVIEW  46 of 76 
 
Figure 50. Potential difference change for region close to the anode, cathode and for the bulk during 
electroreduction of Fe:SrTiO3 single crystal, by electrical polarization using constant voltage (a). Inset 
(b) shows the increase of the current flow through the crystal. Adapted from [58]. 
 
Figure 51. Temperature dependence of the potential drop along the electrodegraded Fe:SrTiO3 crystal 
for constant current polarization. The measurements have been obtained for different 
electrodegradation (electro-coloration) times (a) t = 20 h; (b) t = 80 h. Adapted from [58]. 
 
Figure 52. The resistivity of a TiO2 single crystal during electrodegradation experiment. The (a) curve 
presents a voltage-controlled course with the setup presented in the right inset (two platinum needles 
were in mechanical contact with the crystal surface). The (b) curve presents the current-controlled 
course obtained with the setup from the left inset (the current was applied to the two platinum 
electrodes applied on the TiO2 surface by sputtering). Adapted from [53]. 
Figure 51. Temperature dependence of th potential dr p along the electrodegraded Fe:SrTiO3
crystal for constant current polarization. The measurements have been obtained for different
electrodegradation (electro-coloration) times (a) t = 20 h; (b) t = 80 h. Adapted from [58].
Catalysts 2018, 8, x FOR PEER REVIEW  46 of 76 
 
Figure 50. Potential difference change for region close to the anode, cathode and for the bulk during 
electroreduction of Fe:SrTiO3 single crystal, by electrical polarization using constant voltage (a). Inset 
(b) shows the increase of the current flow through the crystal. Adapted from [58]. 
 
Figure 51. Temperature dependence of the potential drop along the electrodegraded Fe:SrTiO3 crystal 
for constant current polarization. The measurements have been obtained for different 
electrodegradation (electro-coloration) times (a) t = 20 h; (b) t = 80 h. Adapted from [58]. 
 
Figure 52. The resistivity of a TiO2 single crystal during electrodegradation experiment. The (a) curve 
presents a voltage-controlled course with the setup presented in the right inset (two platinum needles 
were in mechanical contact with the crystal surface). The (b) curve presents the current-controlled 
course obtained with the setup from the left inset (the current was applied to the two platinum 
electrodes applied on the TiO2 surface by sputtering). Adapted from [53]. 
Figure 52. The resistivity of a TiO2 single crystal during electrodegradation experiment. The (a) curve
presents a voltage-controlled course with the setup pres nted in the righ inset (two platinum needles
were in mechanical contact with the crystal surface). The (b) curve present the current-controll d
course obtained with the setup from the left inset (the current was applied to the two platinum
electrodes applied on the TiO2 surface by sputtering). Adapted from [53].
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Figure 53. The thermal dependence of resistance for the cathode, interior and anode regions of the
TiO2 sample after (a) ‘soft’; (b) ‘heavy’; and (c) ‘extra heavy’ electroforming. Adapted from [53].
The electrodegradation process is accompanied by two visual effects: on the one hand,
one observes a modification of the color due to a network of bands with better electrical conductivity
compared to the rest of the crystal (often the bands possess an orthogonal orientation, see Figures 54
and 55). On the other hand, bubbles develop on the metal film of the anode in the course of the
electrical stimulus. Even more, the bubbles do not disappear after switching “off” of the electrical
polarization. The bubbles decorate the positions on the anode at which oxygen ions or molecules
leave the crystal (see Figure 56). Because the electrodes are in principle obtained from a hermetic
material (here, thin uniform deposited metallic films, e.g., Pt or Au) the effusion of the oxygen into
the surroundings is hindered. After having reached a critical pressure, this causes a local plastic
deformation of the electrode [48,51,53,55,58] (see Figures 54–56). A similar electrodegradation process
undertaken for the system Pt/SrTiO3/Pt with porous electrodes shows that the system is in fact open
and effusion of oxygen becomes detectable. The effusion of oxygen from the crystals can be monitored
by mass spectroscopy in the course of the electrodegradation processes. The thus measured, electrically
induced increase of the oxygen nonstoichiometry in the SrTiO3 crystal is of the order of 1015/cm3
(for 1 mA) or 1016/cm3 (for 10 mA) (see Figure 57) and is thus one or two orders of magnitude higher
than for thermal reduction, respectively (see Figure 44). Therefore, it should not be surprising that
the system for this electrically enforced oxygen nonstoichiometry has been switched into the metallic
state (Figure 49). At this point it is interesting to raise the question whether the nature of the electrical
insulator-to-metal transition is similar to the processes involved in thermal treatment; here in particular
considering the aspect whether the electrically induced removal of oxygen is limited to the core of
dislocations in the surface layer of SrTiO3 or TiO2. The first indicator that this assertion may be true is
the fact that there exists a correlation between the arrangement of the bubbles and the crystallographic
Crystals 2018, 8, 241 48 of 77
direction of the material, which can easily be checked using simple optical microscopic inspection
(see, e.g., Figures 54–56). Another convincing argument for this hypothesis is the observation of
bubbles evolving along the bicrystalline boundary (see Figure 56).
A further, though indirect, effect which suggests the important role of dislocations in the
electrodegradation phenomena is related to the easy chemical transformations of the cathode region
of, e.g., TiO2 crystal into Magnéli phases, as confirmed by X-ray and electrical measurement [53].
The argument is, that, following Landuyt, and Amelickx [124,258], dislocations (so-called hairpin
dislocations) are a necessary requisite for this kind of solid state reaction to occur.
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Figure 54. Images from the optical microscope (phase contrast) showing the sample after
electrocoloration: (a) in the cathode region; (b) in the anode region; (c) magnification of the anode
region with micro-bubbles. Adapted from [58].
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Figure 55. The optical microscope images of the TiO2 single crystal sample after the electrodegradation
process carried out with the setup presented in the left inset in Figure 17. The images (a–c) show the
cathode region, the central region (between the electrodes) with visible parallel stripes (agglomeration
of oxygen vacancies) and the anode region with bubble-like changes visible in the magnification in the
inset in the (c) part. The average dimension of observed bubbles is close to 800 nm. Adapted from [53].
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A participation of an array of dislocations or their bundles (agglomerated along a bicrystalline 
boundary) can not only be identified for electro-migration processes, but the self-diffusion of oxygen 
in bicrystalline SrTiO3 at high temperatures is similar in character. An illustration of a selective 
incorporation of 18O isotope (under equilibrium condition) is given in Figure 58, where the exchange 
of isotopes takes place preferentially along the boundary as well as in regions with a high 
concentration of dislocations originating from local mechanical damage [259]. 
 
Figure 57. Study of electro-degradation (I-const.) and effusion processes shows that the decrease of 
the resistance of a SrTiO3 crystal can even be observed for very low currents. A measurable effusion 
of oxygen from the crystal can be identified for currents as low as 0.1 mA. Yet notice, although electro-
degradation with I ~0.1 mA already leads to a “switching” of the electrical properties of the crystal 
into metallic properties the total concentration of removed oxygen is still much lower than predicted 
from Mott criterion. 
Figure 56. Creation of bubbles on the anode (30 nm-Pt thin film) of a SrTiO3 (100) bicrystal during
electrodegradation. It should be mentioned that along such a boundary a broad band of the dislocations
and dislocation bundles has been found (see Figures 12–16). Notice: a simple identification of the
tilting angles f both parts of the bicrystal on the non-transparent Pt electrode is an effect of the plastic
deformation of the electrode which leads to the interference contrast.
A participation of an array of dislocations or their bundles (agglomerated along a bicrystalline
boundary) can not only be identified for electro-migration processes, but the self-diffusion of oxygen
in bicrystalline SrTiO3 at high temperatures is similar in character. An illustration of a selective
incorporation of 18O isotope (under equilibriu condition) is given in Figure 58, where the exchange of
isotopes takes place preferentially along the boundary as well as in regions with a high concentration
of dislocations originating from local mechanical damage [259].
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Figure 57. Study of electro-degradation (I-const.) a eff sion processes shows that the decrease of
the resistance of a SrTiO3 crystal can even be observed for very low currents. A measurable effusion
of oxygen from the crystal can be identified for currents as low as 0.1 mA. Yet notice, although
electro-degradation with I ~0.1 mA already leads to a “switching” of the electrical properties of the
crystal into metallic properties the total concentration of removed oxygen is still much lower than
predicted from Mott criterion.
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Figure 59. Electroformation of SrTiO3 single crystals showing an orthogonal structure of filaments 
induced in the surface layer of SrTiO3 (100). (a) Optical image of the filaments network close to the 
cathode; (b) Conductivity distribution measurement (LCAFM) along the filaments which cross the 
surface of the SrTiO3 crystal. Adapted from [45]. 
Figure 58. 18O images at a depth of 1 µm in (a) (100) and (b) (110) bicrystals annealed at 1325 K for
1800 s. JI and MC indicate the joining interface and mechanical damage. The integration time of 18O is
300 s. The size of 18O images is 100 mm. Adapted from [259].
The insulator-to-metal transition induced by electrodegradation cannot only be studied on the
macroscopic scale using two or four-point electrical measurement or optical inspection, but also the
nanoscopic dimension of this transformation can again be investigated using LCAFM techniques.
As illustrated in Figures 59–61, one can clearly discern a fine structure of conducting filaments
along bands between the cathode and the anode on the surface of electro-reduced crystals (here
SrTiO3, Fe SrTiO3, TiO2) with a planar geometry of the electrodes. This linear arrangement indicates
a correlation between the position of the filaments and t e position of dislocations or dislocations
bands. More ver, etch pits investigation on such electrodegraded crystals support this notion in that
the etch pits accumulate in just the same way along the bands with high concentration of filaments.
It should be mentioned that the local enhancement of the conductivity of filaments with respect to the
matrix amounts to three to four orders of magnitude.
Additional supporting argument about the important role of dislocations in the electric activity of
the surface layer of SrTiO3 can be obtained from the analysis of the already above mentioned EBIC
measurements for stoichiometric [242] (see also Figure 46) and as well as for doped SrTiO3 crystals [241].
One can see that the brightness of the EBIC contrast in the vicinity of the straight lines which marking
the segments of dislocations can be changed by applying a bias voltage in the case of undoped SrTiO3
crystals (here −10 V, Figure 62) and Nb-doped SrTiO3 (0.01%) (−2 V, Figure 63), respectively.
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Figure 59. Electroformation of SrTiO3 single crystals showing an orthogonal structure of filaments
induced in the surface layer of SrTiO3 (100). (a) Optical image of the filaments network close to the
cathode; (b) Conductivity distribution measurement (LCAFM) along the filaments which cross the
surface of the SrTiO3 crystal. Adapted from [45].
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Figure 60. LCAFM measurements of a Fe:SrTiO3 (100) crystal after electro-reduction. The local 
topography and corresponding local conductivity maps for: (a) cathode; (b) interior; and (c) anode 
are presented. Optical image of the sample after electroreduction and reoxidation in ambient 
atmosphere (d). Adapted from [58]. 
 
Figure 61. LCAFM measurements (in-plane) on electrodegraded TiO2 (110) crystals. Polarization ~100 
mV temperature below 300 °C. Adapted from [53,68]. 
Figure 60. LCAFM measurements of a Fe:SrTiO3 (100) crystal after electro-reduction. The local
topography and corresponding local conductivity maps for: (a) cathode; (b) interior; and (c) anode are
presented. Optical image of the sample after electroreduction and reoxidation in ambient atmosphere
(d). Adapted from [58].
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Figure 61. LCAFM measurements (in-plane) on electrodegraded TiO2 (110) crystals. Polarization
~100 mV temperature below 300 ◦C. Adapted from [53,68].
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Figure 63. EBIC images of dislocations in SrTiO3 (0.01%Nb) at zero bias (a) and at −2 V (b). All the 
dislocations exhibited dark EBIC contrast at zero bias. When applying bias, bright contrast appeared 
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An important aspect of the foregoing analysis is the possibility to locate and electrically address 
individual dislocations crossing the surface, as demonstrated in the case of SrTiO3 [51,55,68,225,260] 
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the conducting cantilever as a nanoelectrode through galvanic point contact. Some preparatory 
procedures by brief thermal pre-treatment allowed to easily locate single dislocations with radius of 
about 2 nm and then influence and modulate the electrical state with currents smaller than 1 μA [68] 
(Figure 64). Due to the low current necessary, the process cannot be classified as only a thermally 
stimulated process (e.g., [261]). In our scenario of the resistive switching of individual dislocations in 
SrTiO3 via the conducting tip of the LCAFM cantilever the following parameters play an important 
role:  
• the polarization (negative or positive) of the tip, 
• the voltage, i.e., local strength of the electrical field, and 
• the low oxygen partial pressure available in the AFM microscope.  
For the negatively polarized tip of the cantilever it is possible to reduce the concentration of 
oxygen in the last segment of the dislocations crossing the surface by a cathode attack of hot electrons 
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Figure 63. EBIC images of dislocations in SrTiO3 (0.01%Nb) at zero bias (a) and at −2 V (b). All the
dislocations exhibited dark EBIC contrast at zero bias. When applying bias, bright contrast appeared in
the vicinity of some straight lines with the directions along <112>. Adapted from [241].
An important aspect of the foregoing analysis is the possibility to locate and electrically address
individual dislocations crossing the surface, as demonstrated in the case of SrTiO3 [51,55,68,225,260]
and TiO2 [48,53]. In fact, LCAFM has proved to be an invaluable tool for this, as it allows us to
address single dislocations crossing the surface with adequate spatial resolution, and use, at the same
time, the conducting cantilever as a nanoelectrode through galvanic point contact. Some preparatory
procedures by brief thermal pre-treatment allowed to easily locate single dislocations with radius of
about 2 nm and then influence and modulate the electrical state with currents smaller than 1 µA [68]
(Figure 64). Due to the low current necessary, the process cannot be classified as only a thermally
stimulated process (e.g., [261]). In our scenario of the resistive switching of individual dislocations in
SrTiO3 via the conducting tip of the LCAFM cantilever the following parameters play an important role:
• the polarization (negative or positive) of the tip,
• the voltage, i.e., local strength of the electrical field, and
• the low oxygen partial pressure available in the AFM microscope.
For the negatively polarized tip of the cantilever it is possible to reduce the concentration of
oxygen in the last segment of the dislocations crossing the surface by a cathode attack of hot electrons
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which will be emitted via field emission from the tip [55,68]. This way, the dislocations can be reduced
successively on the full length by the movement of the “virtual cathode”. This electrical state can be
defined as a low resistance state (LRS) (Figure 64a–c). DFT analysis demonstrates that an increase of
the oxygen non-stoichiometry along a dislocation core induces a metallic state close to the bottom of
the conductions band. For the opposite polarization of the LCAFM tip (here positive), oxygen ions
can be pulled from the inner network of dislocations and moved to those parts of the dislocations
which contain a high concentration of oxygen vacancies. This then resembles an oxidation process
of the core of dislocations which leads to an “annihilation” of the metallic state in the band gap.
(This oxidation process restores the original semiconducting properties of the core of dislocations,
the so-called high resistance state (HRS)). Also, on the TiO2 surface, highly localized regions such as
conducting grains with diameters of several tens of nanometers can be switched between states of
different conductivity [53] (see Figure 65).
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Figure 64. The electrical addressing of an individual dislocation in SrTiO3, using the tip of LCAFM,
clearly d monstrated he possibility for a static manipulati n of its resistance (a–c). For the dynamical
polarization, typical cyclic switching I/V curves with two branches can be observed. The bra ch with
linear dependence between current a d voltage represents the LRS state. For the second branch, the I/V
characteristic has typical marks of a nonlinear behavior; it is a HRS state. The switching between the
HRS and the LRS state occurs in the III. quadrant. Restauration of the high ohmic state takes place in
the first quadrant. Adapted from [55].
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This effect of a “preferential addressing” of dislocations during electrical polarization can
be highlighted by inspecting the case of a bicrystalline boundary which is macroscopically
electrodegraded employing a planar geometry of the electrodes (Figure 66a). After the
electrodegradation, the local conductivity between the electrodes was measured by LCAFM under
ultra-high vacuum (UHV) conditions. Although a broad area of the crystal was electrically polarized,
a dramatic change of the electrical properties was only identifiable (on the micro- and nano-scale)
along the bicrystalline boundary (Figure 66c). The nature of electroformation and switching along
nano-filaments in single crystals is still under discussion [29,47–55,262,263]. One issue, which has
not been dealt with in this chapter, is related to the possibility of a local transformation of the model
binary and ternary oxides (here TiO2 and SrTiO3 crystal or thin films) into new chemical phases
[e.g., Ti4O7, Ti5O9, Ti2O3, TiO, SrO·SrTiO3, or Sr2Ti6O13 or Sr1Ti11O20, [57,121,182,264–267]) under
electrical stimuli. Such solid-state transformations are most likely connected with extended defects.
This holds particularly true for dislocation cores which can be considered as foreign objects in the
matrix (see above and [94]) due to their different crystallographic structure and chemical properties
with respect to the surrounding matrix. They could thus play an important role as a “seed” for
the thermally or electrically induced transformation. In fact, thermodynamic arguments show [268]
that if the resistive switching would only be induced by a change of the center of gravity of the
population of point defects in the crystal the induced, new resistance state would not be stable on
a long time scale. We therefore argue that the chemical and crystallographic transformation of the
core of dislocations seems to be a plausible alternative to models which solely rely on a Schottky-type
disorder [267,269,270].
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9. Mechanical Properties versus Dislocations
It may sound unrealistic if someone says that he can plastically deform a single SrTiO3 crystal
with bare hands, but, as already mentioned above, this statement is indeed true. In fact, the ductility of
the SrTiO3 crystal at room temperature is just about 10% [68,107]. Using the device which is illustrated
in Figure 67 it is possible to deform (plastically) a SrTiO3 crystal in a controlled manner [68,104,132].
Depending on the radius of the prism and external forces F1 and F2, the density of the steps and
their height close to the contact lines (bands) can be manipulated (see Figure 67). This effect of
an extraordinary shift of whole blocks of the crystal is connected with the polygonization of the
edge dislocations in the plane {100} and {110}. An impressive confirmation that the ductility of the
mechanically deformed SrTiO3 crystal is connected with the linear arrangement of dislocations is given
by the perfect ordering of the etch pits observed along the steps (Figure 68d–f). It should be mentioned
that by mechanical deformation two different mechanism for the new ordering of dislocations become
activated. The first one is connected with a shifting of the dislocations (via gliding) which exist in
original crystal to new positions and their grouping in the appropriate gliding plane. The second
mechanism has two steps. During the first step the new population of dislocations will be nucleated
and subsequently, in the next step, the dislocations will be polygonized. The possibility to generate
new dislocations is in fact an effect of the increase of the local pressure along the contact line (Figure 67)
to values which allow their multiplication. Therefore, the density of the dislocations along the contact
bands is much higher than the density of dislocations in the original crystal.
The plastic deformation of SrTiO3 crystals seems to takes place in principle along the
<110>directions [15,16,33]. In our investigation with the mentioned configuration of the acting forces
as presented in Figure 67, we found that the dislocations occasionally assemble in an arrangement
along <110> while numerous groups of dislocations were observed with orientation in the direction
<100> (see Figure 69a). At the same time, a crossing of these different directional arrangements can be
observed and seems to be “independent”, that means without mutual interaction of both planes with
accumulated dislocations (Figure 69b,c).
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(100) along [010] directions confir ed a discrete shift of the crystal blocks (on the whole width of
the crystals) in the plastically deformed region. Relative shift of the blocks is about 8–40 nm (b,c)
Using etch pits techniques it can be confirmed that a high concentration of edge dislocations and their
bundle is present along the linear boundary between shifted blocks (d). Notice: because the density of
etch pits outside of the region with plastic deformation is similar in comparison to the shifted blocks,
it is possible that the dislocations array between the blocks are not only created via gliding of existing
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10. Dynamic Behavior of Dislocations in SrTiO3 by In Situ Nanoindentation Experiments
inside TEM
In recent years, in situ observation techniques for transmission electron microscopy (TEM) have
been developed for directly observing dynamic dislocation motions in crystals under stresses [271–273].
Especially, in situ TEM nanoindentation techniques [108,273–276] now allow us to dynamically
observe dislocation behavior at an arbitrary local area in a TEM specimen even at nanometer
dimensions. Moreover, if we use well-controlled bicrystals for TEM specimens, it should be possible
to directly observe the interaction processes of dislocations with a well-defined grain boundary
during deformation. In the present study, we use the in situ TEM nanoindentation technique to
directly and dynamically observe the nanoscale deformation processes of SrTiO3 at room temperature.
By using the suitable dark-field imaging conditions, we clearly highlight the dynamic behaviors of
individual dislocations such as nucleation, propagation and interactions with other defects during the
nanoindentation experiments [108,276].
First, we show the results of in situ TEM nanoindentation experiments of single crystalline
SrTiO3 [108]. Figure 70a gives an overview of the in situ TEM nanoindentation system. We used
a TEM-NanoIndenter holder (Nanofactory Instrument AB.) with a double-tilt capability as
schematically shown in Figure 70b. The specimen motions can be precisely controlled by a piezo
actuator and the specimen is gradually moved toward the fixed indenter tip as the nanoindentation
proceeds. Here, a wedge-shaped diamond indenter tip was selected. Figure 70c shows the dark-field
TEM image (using g = 002) of the specimen edge and the indenter tip just before the nanoindentation
experiments. Then, the indenter tip was manually inserted along the [001] direction. Figure 71 shows
the sequential dark-field TEM images captured from the movie recorded during the nanoindentation
experiment. The complete movie is available elsewhere [108]. In the figure, 0 s corresponds to the
moment when the indenter tip has just contacted with the SrTiO3 specimen edge. The indenter tip was
gradually inserted into the specimen during 0 s to 65 s, and then extracted from the specimen during
65 s to 97 s. Here, we inserted the tip into a relatively thick specimen region in order to minimize the thin
TEM specimen effects. It is noted that dislocations were generated from the specimen edge where the
indenter tip contacted. The introduced dislocations may be classified into three different types, type-I,
-II and -III dislocations. The type-I dislocations initially propagated in a semicircle shape, and then the
dislocations split into two segments. This indicates that a part of the dislocation line reached to the
specimen surface, leaving two dislocation segments. Then, each dislocation segment moved toward
the ±[100] directions. The type-II and type-III dislocations were also nucleated near the indented
area, but they moved toward the [101] and [101] directions, respectively. In order to characterize the
slip systems of the introduced dislocations, the static TEM analyses after the TEM nanoindentation
experiment were carried out. The Burgers vectors were determined by the conventional g·b = 0
invisibility criterion [277], and the slip planes were determined by the observations from the different
crystallographic orientations. After the careful image contrast analyses, we found that there are two
types of dislocation characters in the type-I dislocations: one is near-screw type dislocation with the slip
system of [011](011) type, while the other is also near-screw type dislocation but with the slip system
of [011](011) type. The type-II and type-III dislocations belong to the different slip systems of [101](101)
and [101](101), respectively. These four slip systems belong to the same family of the <110>{110}
slip system. The present results are consistent with the previous reports of Vickers indentations or
compression tests of bulk SrTiO3 crystals at room temperature [33,61,278,279]. Thus, the microscopic
plastic deformation processes of SrTiO3 single crystals can be now directly observed by the in situ
TEM nanoindentation technique.
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Figure 70. Schematic illustration of the in situ TEM nanoindentation system. (a) Overview of the in
situ nanoindentation experiment inside TEM; (b) Schematic of the TEM nanoindentation holder used
in this study; (c) Dark-field TEM image (g = 002) showing the specimen and the indenter tip before
indentation. Adapted with permission from Ref. [108].
Second, we focus on the dynamic observations of the interaction processes of individual lattice
dislocations with well-defined grain boundaries of SrTiO3 by using the above-mentioned techniques.
We start the in situ TEM nanoindentation experiments with the symmetric tilt [010](301) Σ5 grain
boundary [280,281] as a model case for high-angle grain boundaries. Figure 72a shows the geometric
set-up of the in situ TEM nanoindentation experiments. In this experiment, we also use the diamond
indenter tip with wedge-type shape. Figure 72b shows a dark-field TEM image observed from the
[010] direction just before nanoindentation. Here, the indentation direction is chosen to be parallel to
the grain boundary plane. We inserted the indenter tip near the grain boundary and the emitted lattice
dislocations were interacted with the grain boundary. The sequential dark-field TEM images captured
from the movie during the nanoindentation are shown in Figure 73. Here, 0 s corresponds to the
moment when the indenter tip has just contacted with the SrTiO3 specimen edge, and each time shown
in the respective images corresponds to the passing time from the start. The complete movie is available
elsewhere [276]. It is clearly seen that the dislocations were emitted from the specimen edge and
propagated along the [100] direction one by one. From the detailed g·b dislocation contrast analyses
(g·b = 0 analysis for determining Burgers vectors of dislocations) after the nanoindentation experiment,
it was confirmed that the introduced dislocations belong to the glide system of the [011](011), consistent
with the case of single crystals discussed above. With the continuous insertion of the indenter tip,
the leading dislocation (termed the 1st dislocation in the image) propagated and impinged to the grain
boundary. It was found that the 1st dislocation was completely attached to the grain boundary plane
after 19 s. Then, the 2nd dislocation was also attached to the grain boundary plane as seen in the 26 s
image, and even the lower part of the 3rd dislocation started to attach to the grain boundary after 27 s.
Other lattice dislocations followed behind the 3rd dislocation appear to pile up within the bulk crystal
regions. Finally, the specimen edge was fractured due to the stress concentration at the indenting point.
After releasing the concentrated stress due to the fracture, the intervals of dislocations were extended.
This may be due to the relaxation of the repulsive forces [41] exerted between the dislocations with
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the same Burgers vector. In addition, the dislocations attached on the grain boundaries during the
nanoindentation experiment remain trapped even after the external stress was released. This indicates
that the grain boundary core can be energetically stable site for lattice dislocations. Thus, the Σ5 grain
boundary can act as a barrier for the lattice dislocation glide across it. To understand the mechanisms
of the impediment process, we first consider the effect of geometric discontinuity across the grain
boundary geometry. When the lattice dislocations are to cross the grain boundary, the Burgers vector
has to be rotated. Since Burgers vectors should be conserved in crystals, the rotation of the Burgers
vector inevitably leaves a residual dislocation on the grain boundary plane [282], whose Burgers
vector is equal to the difference vector of the lattice Burgers vectors within the respective crystals.
The formation of the residual dislocation on the grain boundary should increase the total energy
by the self-energy of it. This should be one of the reasons why the grain boundary behaves as the
barrier for the lattice dislocations. Secondly, we consider the effect of the dislocation stabilization at the
grain boundary core. According to the previous reports, this effect may be caused by several possible
reasons, such as dislocation dissociation on the boundary plane [283], elastic discontinuity (attractive
image stress) and core structural stabilization. In any scenario, dislocations can be trapped by the grain
boundary core, adding another component for the dislocation barrier across the grain boundary.
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different kinds of dislocations. Adapted with permission from Ref. [108].
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boundary should be screw dislocations because the Burgers vector is parallel to the grain boundary 
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Figure 72. (a) Schematic illustration showing the geometric arrangement of the specimen, the [010](301)
Σ5 grain boundary, the indenter tip, and the introduced lattice dislocation; (b) A dark-field TEM image
just before the nanoindentation experiment. The weak triangular contrast at the lower right is the
indenter tip and the vertical line con rast inside the specimen corresponds to the grain boundary.
The sample thickness is estimated to be about 300 nm. Adapted with permission from Ref. [276].
In order to minimize the above-mentioned geometric discontinuity effects, we further
performed in situ nanoindentation experiments for a low-angle grain boundary. In low-angle grain
boundaries, grain boundary structures can be described by the periodic array of dislocations [284].
Here, (100) low-angle tilt grain boundary with the rotation angle of 1.2◦ around the [010] axis was
selected. The act al structure of t low-angle tilt grain boundary is shown in Figure 74a. The grain
boundary structure consists of th p riodi array of edge islocations with the Burger vector of
the [100] [11,40]. The interval of the edge dislocations is estimated to be about 19 nm. Fi ure 74b shows
the geometric set-up of the in situ TEM nanoindentation experiments. Considering the Burgers vector
of the introduced lattice dislocations, the moving dislocations interacting with the low-angle grain
boundary should be screw dislocations because the Burgers vector is parallel to the grain boundary
plane. Figure 74c shows a dark-field TEM image observed from the [010] direction just before the
nanoindentation experiment. We then dynamically observe the interaction processes between the
individual lattice dislocations and the low-angle tilt grain boundary. Figure 75 shows sequential TEM
images captured from the movie of the nanoindentation experiment. The complete movie is available
elsewhere [276]. The introduced lattice dislocations have the glide system of the [011](011) by g·b
contrast analyses after the nanoindentation experiment. By the continuous insertion of the indenter tip,
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the lattice dislocations were found to be able to traverse the grain boundary plane (see the 69 s image),
contrary to the Σ5 grain boundary case. In addition, the dislocation motion was seen to be slightly
impeded by the grain boundary core region. During the extraction of the indenter tip, the lattice
dislocations moved backwards due to the stress relaxation, and some dislocations crossed the grain
boundary again to go back into the right-hand side crystal. In this unloading process, we again
observed the grain boundary impediment effect on the lattice dislocation. Finally, one dislocation
indicated by the red arrow in Figure 75 appeared to be caught by the grain boundary plane.
Catalysts 2018, 8, x FOR PEER REVIEW  61 of 76 
 
elsewhere [276]. The introduced lattice dislocations have the glide system of the [01�1](011) by g·b 
contrast analyses after the na oindentation experiment. By the contin ous insertion of the indenter 
tip, the lattice dislocations were found to be able t  traverse the grain boundary plane (see the 69 s 
image), contrary to the Σ5 grain boundary case. In addition, the dislocation motion was seen to be 
slightly impeded by the grain boundary core region. During the extraction of the indenter tip, the 
lattice dislocations moved backwards due to the stress relaxation, and some dislocations crossed the 
grain boundary again to go back into the right-hand side crystal. In this unloading process, we again 
observed the grain boundary impediment effect on the lattice dislocation. Finally, one dislocation 
indicated by the red arrow in Figure 75 appeared to be caught by the grain boundary plane. 
 
Figure 73. Sequential dark-field TEM images captured from the movie recorded during the 
nanoindentation experiment. The line contrasts indicated by the green arrows correspond to the Σ5 
grain boundary. The positions of the leading three lattice dislocations are indicated by the triangles. 
The indenter tip was gradually inserted from 0 s to 42 s, and the specimen edge was fractured at 43 s. 
The dislocation motion was strongly impeded by the grain boundary, which resulted in the 
dislocation pile-up. In this experiment, the 1st and 2nd dislocations and the lower part of the 3rd 
dislocation were trapped on the grain boundary plane even after the external stress was removed. 
Adapted with permission from Ref. [276]. 
Figure 76a shows a dark-field image of the grain boundary edge dislocations after the crossing 
of the lattice screw dislocations. The dislocation lines of the grain boundary edge dislocations are 
seen to be shifted toward the [01�1] direction, and jogs are formed at the grain boundary dislocations. 
This indicates that the lattice screw dislocations intersected with the grain boundary edge 
dislocations during the crossing process [21]. A single intersection results in the formation of kinks 
on the lattice screw dislocations and jogs on the grain boundary edge dislocations (or making the jog 
length longer) as schematically shown in Figure 76b. Since the jog length estimated from the image 
is much longer than the unit cell of SrTiO3, these jogs can be classified into “superjog” [41]. The 
estimated superjog length well corresponds with the product of the Burgers vector and the number 
of the screw dislocations crossing the grain boundary on the same glide plane. Thus, the superjogs 
are formed by the multiple intersections with the lattice screw dislocations on the same glide plane. 
Considering the dislocation reaction between the lattice dislocation (Burgers vector of bLattice: b = [01�1]) 
and the grain boundary dislocation (bG.B.: b = [100]), the Burgers vector of the superjog segments (bJog) 
should become as follows. 
bJog = bLattice + bG.B. = [01�1] + [100] = [11�1]  
The detailed image contrast analysis showed that the lattice screw dislocations partially become 
the mixed dislocations just on the grain boundary plane by the dislocation reaction shown above 
[276]. 
Figure 73. Sequential dark-field TEM images captured from the movie recorded during the
nanoindentation experiment. The line contrasts indicated by the green arrows correspond to the
Σ5 grain boundary. The positions of the leading three lattice dislocatio s are indicated by the triangles.
The indenter tip was gradually inserted from 0 s to 42 s, and the specimen edge was fractured at 43 s.
The cation motion was trongly imped d by the grain b undary, which resulted in the dislocation
pile-up. In this experiment, the 1st a d 2nd dislocations and the lower part of the 3rd dislocation
were trapped on the grain boundary plane even after the external stress was removed. Adapted with
permission from Ref. [276].
Figure 76a shows a dark-field image of the grain boundary edge dislocations after the crossing
of the lattice screw dislocations. The dislocation lines of the grain boundary edge islocations are
seen to be shifte toward the [011] dir ction, and jogs are formed at the grain boundary dislocations.
This indicates that the lattice screw dislocations intersected with the grain boundary edge dislocations
during the crossing process [21]. A single intersection results in the formation of kinks on the lattice
screw dislocations and jogs on the grain boundary edge dislocations (or making the jog length
longer) as schematically shown in Figure 76b. Since the jog length estimated from the image is much
longer than the unit cell of SrTiO3, these jogs can be classified into “superjog” [41]. The estimated
superjog length well corresponds with the product of the Burgers vector and the number of the screw
dislocations crossing the grain bou dary on the same glide plane. Thus, the superjo s are formed by
the multiple intersections with the lattice screw dislocations on the same glide plane. Considering
the dislocation reaction between the lattice dislocation (Burgers vector of bLattice: b = [011]) and the
grain boundary dislocation (bG.B.: b = [100]), the Burgers vector of the superjog segments (bJog) should
become as follows.
bJog = bLattice + bG.B. =
[
011
]
+ [100] =
[
111
]
The detailed image contrast analysis showed that the lattice screw dislocations partially become
the mixed dislocations just on the grain boundary plane by the dislocation reaction shown above [276].
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Figure 74. (a) A dark-field TEM image of the initial low-angle tilt grain boundary. The specimen was
tilted from the edge-on condition to observe the grain boundary plane; (b) Schematic illustration of the
geometric arrangement of the specimen, the grain boundary, the grain boundary edge dislocations,
the indenter tip, and the introduced lattice screw dislocation; (c) A dark-field TEM image just before the
nanoindentation experiment. The thickness of the specimen is about 150 nm. Adapted with permission
from Ref. [276].
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The low-angle tilt grain boundary slightly impeded the lattice screw dislocation motion not only
when they crossed the grain boundary plane in the loading process, but also when they moved back
into the initial crystal in the unloading process. In the loading process, the intersection of the lattice
screw dislocation with the grain boundary edge dislocations forms the jogs or lengthens the superjogs.
This process corresponds to the formation of residual grain boundary dislocation in the high-angle
grain boundary case, although the residual dislocations in the low-angle grain boundary case is the
discrete (super)jog row [285]. It means that the intersecting process during the loading process should
lead to increase the self-energies of the grain boundary dislocations, consequently increasing the
total energy. This may work as an effective energy barrier during the loading process to some extent.
However, the impediment of the lattice screw dislocation motion was also observed in the unloading
process, nevertheless the inverse intersection always shortens the length of the superjogs, and thus
the total energy. Considering the fact that one screw dislocation was trapped on the grain boundary
plane after removing the external stress, it can be concluded that the low-angle tilt grain boundary
acts as a stable site for the lattice screw dislocations. As already mentioned, the screw dislocations
partially become the mixed dislocations when they react with the grain boundary dislocations at the
intermediate stage of the intersections. It should be noted that this reaction will not increase the total
elastic energy of the system. Thus, the core relaxation induced by the dislocation reaction could be
the main source of the stabilization at the grain boundary. This mechanism consistently explains the
dislocation impediments in both loading and unloading processes.
In summary, recent in situ TEM nanoindentation experiments for microscopic plastic deformation
processes of SrTiO3 at room temperatures are reviewed. We suggest that the origin of the lattice
dislocation impediment by grain boundaries is not simply the geometric effects but also the local
structural stabilization effects at their cores. The present findings indicate that both the geometric
effects and the stabilization effects should be simultaneously considered to quantitatively understand
the dislocation interaction processes at grain boundaries in SrTiO3. Combined with the well-controlled
SrTiO3 samples and careful TEM contrast analysis, in situ TEM nanoindentation can be extremely
powerful tool for fundamentally understanding the dynamic and microscopic mechanisms of
defect-defect interactions in SrTiO3.
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Figure 75. Sequential dark-field TEM images captured from the movie recorded during the
nanoindentation experiment. The green arrows indicate the grain boundary position. The indenter tip
was gradually inserted to the specimen edge from 0 s to 85 s and extracted from 86 s to 109 s. Adapted
with permission from Ref. [276].
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Figure 76. (a) A dark-field TEM image of the grain boundary edge dislocations after the
nanoindentation experiment. It is clear that the grain boundary edge dislocation lines are shifted
and the superjogs were formed on them; (b) Schematic illustration of the crossing process of the lattice
screw dislocations. The intersection of the screw dislocation with the grain boundary edge dislocations
forms the jogs on the grain boundary dislocations and the kinks on the lattice dislocation. Adapted
with permission from Ref. [276].
11. Conclusions
The idea of Shockley [286], who has written back in 1983 that the dislocations hold potential
technological promise and may be used in microelectronics when it becomes possible to control
and manipulate their electronic properties, has been fulfilled in the case of band insulating oxides.
The impressive role of dislocations as metallic nano-wires (a kind of short-circuit) has been for the
first time presented for Al2O3 by incorporations of Ti metal atoms into the matrix. A similar effect,
namely the transition of the core of dislocations from semiconducting to metallic state can also be
generated via self-doping in the case of TiO2 and SrTiO3. This process can easily be controlled by
reduction under low oxygen partial pressure, electrodegradation or nanoscale electrical-addressing of
individual dislocations; in all cases the dislocations or dislocations network can be switched from a
semiconducting state into a metallic state. This nano-manipulation of the chemical composition and
electronic structure opens in our opinion a new era in the nano-engineering of oxides on the basis of the
multinary transition metal oxides. The challenge for the future applications of these line defects with
invariance is connected with the control of the dislocations in terms of their density, their distribution
and, most important, an appropriate pinning at defined locations.
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